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Abstract 
 Complex metal oxides, such as transition-metal oxides, appearing with exotic properties 
and optimal functionalities, present formidable challenges in condensed matter physics, while 
at the same time, immense opportunities in materials science and engineering. The signature 
of these materials is the multitude of competing ground states that can be tuned or 
manipulated by doping, structural modification, strain induction, or the application of 
external stimulus, such as pressure, electric or magnetic fields, etc. The interest in these 
materials stems from the richness of their novel properties, the complexity of underlying 
physics, and the promise of technological applications.  
 Novel phenomena emerge by spatial confinement. Stoichiometry can have more 
profound effect on spatially confined materials than on the bulk. The purpose of the thesis is 
to explore and understand the spatial confinement and oxygen stoichiometry effect on 
complex metal oxides to pave the way for oxide electronics. To achieve this goal, I first 
investigate the properties of the La2/3Sr1/3MnO3 (LSMO) thin films of different thicknesses 
with different oxygen deficient level. Reducing the thickness of the LSMO thin film drives 
the LSMO to behave far away from its bulk and leads to several new phenomena such as 
enhanced magnetoresistance at critical thickness, emergent of effect from substrate structure 
transition and interface coupling. Unlike the bulk, introduction of few oxygen vacancies can 
strongly affect the properties of LSMO ultrathin film.  
 Furthermore, I also investigated the epitaxial columnar naoncomposite thin film to study 
nanoscale inhomogeneity effects on properties of thin films. It is revealed that percolation 
plays most important role in determining properties. Finally, I also studied the dynamic 
xx 
effects of the oxygen vacancies in oxide materials thin films under external electric field. I 
show that the field can control the oxygen stoichiometry via field induced oxygen migration 
and then control the properties of the complex metal oxide in real time. Due to the strong 
coupling of oxygen with the complex metal oxides, field induced oxygen migration will 
cause a colossal change of resistance. As a result, we can engineering complex metal oxides 
for the technological applications such as non-volatile memory devices.
1 
Chapter 1 Introduction and Background 
1.1 Introduction 
 Transition metal oxides (TMOs), one class of most focused complex metal oxides 
(CMOs), displays an array of extraordinary phenomena, e.g., high temperature 
superconductivity [1], multiferroicity [2], ionic conductivity [3], colossal magnetoresistance 
[4]. These materials are of great interest in fundamental physics and have many potential 
technological applications for energy transfer, superconducting quantum computation, 
non-volatile memory, gas sensor, electronics, and fuel cell, transistor [5-7]. More importantly, 
the emergent phenomena in these materials present formidable challenges in condensed 
matter physics as well as materials science. 
 
Figure 1–1: (a) Structural model of perovskite; (b) Splitting of d-orbital. 
 It is becoming increasingly clear that the exotic properties displayed by complex metal 
oxides, such as cuprates, manganites and heavy-fermion compounds, are intimately related to 
the coexistence of competing nearly degenerate states which couple simultaneously active 
degrees of freedom—charge, lattice, orbital, and spin states [8, 9]. One example comes from 
the correlation between lattice and orbital degrees of freedom in perovskite compounds as 
shown in Figure 1-1, a very popular class of TMOs. An ideal perovskite structure is cubic 
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with an empirical formula ABO3. The A cations are located on the corners, the B cation 
generally being a transition metal element is located in body center while the oxygen atoms 
occupy the face center and form a BO6 octahedral. Due to the symmetry of the crystal field 
defined by lattice structure and the configuration of the d-orbital, the d orbitals of B cation 
are split into eg (𝑑3𝑧2−𝑟2 , 𝑑𝑥2−𝑦2 ) and t2g (dxy，dzx，dyz) with eg having higher energy level. The 
eg electrons are more itinerant and the t2g electrons are more localized generally. The 
degenerate d-orbital further affects the spin coupling, thus creating a complex system which 
is more than the sum of its single parts [9]. Through varying the ionic size of the A site or 
doping level of B site, etc., we can introduce the tilting and rotating of oxygen octahedral, 
thus change the band width and tune the occupation of the d-orbital. As a result, a tremendous 
and exciting phenomena emerge [8]. On the other hand, the striking phenomena associated 
with these materials are due in large part to spatial electronic inhomogeneity or nanoscale 
phase separation [9-11] because of the nature of competing nearly degenerate states existing 
in these materials. In many of these hard materials, the functionality is a result of the soft 
electronic component that leads to self-organization.  
 The complexity of CMOs is directly responsible for their controllability. The signature of 
these materials is the multitude of competing ground states that can be tuned or manipulated 
by doping, structural manipulations, strain induction, and the application of external stimulus, 
such as pressure, electric/magnetic fields (see Figure 1-2). Furthermore, the creating surfaces, 
interfaces, ultrathin films, and artificial superstructures add the additional twists of 
‗man-made‘ dimensions, approaching the quantum phenomena of correlated electron 
materials with broken symmetry and reduced dimensionality. 
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Figure 1–2: Schematic view of coupling between different kinds of degrees of freedom in 
CMOs, which could be tuned by external stimulus, such as pressure, temperature, laser, 
spatial confinement, electric and magnetic field.  
1.2 Spatial Confinement Effect 
 Smaller can be different and better. There must be a scale that connects and behaves quite 
differently from both the classical materials and a localized single atom. Such scale which is 
expected to have emergent behavior is recognized as NANO now. The unprecedented idea 
and roadmap of NANO are first inspired by Feynman who imagined a world where objects 
are composed of a few atoms in his talk on Annual American Physical Society in 1959 [12]. 
Several decades later, the emergent phenomena in nanoscale materials are greatly and 
comprehensively demonstrated in lots of materials ranging from single element substance 
such as gold nanodots to compound such as manganite thin films. Nanoparticle, nanowire, 
and ultrathin film, etc., are typical examples of nanomaterials. Broadly speaking, these 
nanostructural materials result from spatial confinement, which is of both interest to 
technology and basic science. Spatial confinement reduces the size of the materials and 
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typically the dimensionality, for example, confining a bulk material to 2 dimensional (2D) 
ultra thin film. The most obvious reduced dimensionality effect is the change of density of 
state (DOS) (see Figure 1-3), which is extremely important for almost every aspect of 
materials‘ properties. From 3D to 0D, the DOS changes from continuous function (3D) to 
step function (2D), sawtooth (1D) and δ function (0D). With respect to the band structure, the 
smaller size the material, the wider band gap we get. These will dramatically vary such as 
mechanical, thermal, electronic, optic, magnetic properties and even chemical reaction. 
 
Figure 1–3: Reduced dimensionality induced change of density of States (DOS). 
 Here we will show some examples of the spatial confinement effect. Gold generally is 
very inert, but the gold nanodots with the radius of about 3 nanometers can catalyze the 
oxidation of CO to CO2 [13]. Some non-magnetic materials (e.g. Rh) can become magnetic at 
nanoscale [14, 15]. The reduced dimensionality can control the electronic phase transition in 
LaNiO3/LaAlO3 superlattice [16]. Quantum well state emerges in ultrathin SrVO3 film [17].  
 Many materials have some kinds of inherent length scale of interaction, or 
inhomogeneities (for example, phase separation). These length scales could vary from 1 nm 
to 1 micrometer. The superconductive coherent length which is the characteristic size of 
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cooper pair is about 2 nm in YBa2Cu3O7 in a-b plane. The Bohr radius of 1s exciton in bulk 
ZnO is reported to be 2.34nm [18]. As shown in Figure 1-4, the phase separation domain size 
in La0.55Ca0.45MnO3 is about 5 nm as revealed by transmission electron microscopy [19]. The 
largest micrometer domain size is reported in La1-xPrxCa3/8MnO3 (LPCMO) which is directly 
confirmed by AFM image (see Figure 1-4 ) [20].  
 
Figure 1–4: (a) Phase separation in La0.55Ca0.45MnO3 evolves with temperature imaged by 
TEM. (b) MFM images of phase separation in La1-xPrxCa3/8MnO3 (LPCMO) and its evolution 
with temperature. Figures adapted from [19, 20]. 
 Novel phenomena will emerge when the a material is confined to a scale which is 
comparable with the inherent length scale in the bulk. If the radius of a semiconductor 
quantum dot is smaller than its Bohr radius, the band gap then will increase. As a result, its 
absorption and emission wavelengths will have a blue shift [21]. The quantum dots provide a 
less costly avenue to adjust the band gap. Quite different from bulk where the shape has 
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almost no effect on properties, the shape of quantum dots can control the electron wave 
functions. For example, the wave-functions in rectangular dots are more s-type than p-type, 
while in pyramid-shaped dot, the wave-functions are mixed with s-type and p-type due to 
asymmetry [22]. With respect to the complex metal oxides, the spatial confinement will 
strongly affect the co-existent and competing coupling among the spin, lattice, charge and 
orbita, thus it is another key control parameter to tune the properties. A good example comes 
from the achievement of high superconducting critical temperature (TC) in two dimensional 
HgBa2Ca2Cu3O8 [23]. The conductive CuO2 plane in HgBa2Ca2Cu3O8 which is sandwiched 
by insulating layer forms a 2D correlated electron system which greatly affects the interaction 
among the spin, charge, lattice and orbital, and somehow leads to a higher TC.  
 
Figure 1–5: Tuning parameters in ultrathin films. 
 Motivated by expected exotic phenomena in low dimensional complex metal oxides, 
people have been making a great effort to grow and investigate artificial low dimensional 
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oxides during past decades. Among a lot of kinds of nanostructural oxides, a supported 
complex oxide grown on a substrate is attracting much more interest not just because of their 
immense potential technological application bust also of their emergent new physics. The 
supported nanostructural will have considerable interface and surface effect [24], as well as 
the strain effect [25] coming the substrate besides the spatial confinement forced on out-of 
plane direction. It can be expected that the interface or surface will have almost the equal role 
to inner part in a ultrathin film with only a few layers. The strain can lock the lattice 
parameter of epitaxial thin film to that of a substrate up to a scale of a few nanometers [26], 
although it is quickly released after this scale [27]. A schematic diagram of the possible effect 
appearing in the ultrathin film system is summarized in Figure 1-5. 
.  
Figure 1–6: Left, possible interface combination; Right, possible interface effects. 
 There are several kinds of interfaces, e.g., polar-polar interface, FM-AFM interface, 
polar-neutral interface as shown in Figure 1-6. The interface may have strong spin-orbital 
coupling due to the abrupt change of lattice field appearing at interface, or built-in electric 
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field caused by electron re-distribution as well as structural reconstruction. For example, the 
polar (001) LaAlO3 grown on non-polar (001) SrTiO3 could drive the electron to interface, 
thus inducing a 2D free electron gas at the interface [28]. More surprisingly, this 2D electron 
gas becomes superconductive at low temperature of below ~300 mK [29]. The interface 
charge transfer in La2CuO4 and (La,Sr)2CuO4 interface changes the doping level of each 
material, causing the bulk to become non-superconductor while the interface is still 
superconductive [30, 31]. Another example of the interface effect is the spin reconstruction 
due to interface coupling. The interface of LaFeO3 with LaCrO3 surprisingly becomes 
ferromagnetic though both the LaFeO3 and LaCrO3 are antiferromagnetic [32]. Such 
emergent ferromagnetic property has been explained by superexchange coupling of 
Fe
3+
-O-Cr
3+
 which is originally proposed by Anderson [33] and Goodenough [34]. 
 
Figure 1–7: Top, structural model for the surface of BaTiO3 showing the polarization 
direction. Bottom is STEM EELS measurement showing the chemical abrupt interface. 
Figure adapted from [35]. 
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 Sometimes interface coupling will have long-range effect, completely changing the 
whole thin film‘s properties. One example is the polar distortion of ultrathin BaTiO3 film, a 
classical ferroelectric material. Fully strained epitaxial BaTiO3/SrRuO3 (BTO/SRO) bilayer 
were grown on (001)-oriented TiO2-terminated SrTiO3. A 15-nm-thick SrO-terminated SRO 
film with an atomically flat surface was deposited as a bottom electrode followed by the 
growth of ultrathin BTO films (4 and 10 unit cell) [35]. The surprising result for both 4 and 
10 unit cell thick films was that the surface BaO layer was polarization dead but the second 
TiO2 layer is vertically polarized with the polarization pointing out of the surface. The film 
has a monodomain of vertical polarization shown schematically in Figure 1-7, which is 
attributed to the intrinsic asymmetry (SRO/BTO/vacuum) and the stability of a polarized 
phase to compensation of depolarizing charges by dipoles induced by surface stress [36]. The 
bottom of Figure 1-7 shows the STEM-EELS data across the BTO/SRO interface revealing 
an ordered and chemically abrupt interface. 
 There could be a cross-over transition due to the reduced dimensionality. The bulk SrVO3 
is correlated metal. With the thickness of the SrVO3 thin film being reduced, the ultrathin 
film of 1 unit cell is a Mott insulator and the film of 2-3 unit cell thick has the 
metal-to-insulator transition; the bulk like properties start to develop at about 6 unit cell [37]. 
This dimensionality driven MIT is thought to arise from the reduced bandwidth with 
decreasing thickness and a conversion of 3D band structure into 2D. The dimensionality 
driven transition of a thin film from bulk to non-bulk properties is commonly observed in 
other complex metal oxides. A critical thickness responsible for this transition is called deal 
layer generally. Either the magnetic or electric dead layers have been reported in 
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La2/3Ca1/3MnO3 [38] and La2/3Sr1/3MnO3 [39, 40] thin films. The transport properties as a 
function of thickness of La2/3Ca1/3MnO3 and La2/3Sr1/3MnO3 are shown in Figure 1-8, which 
shows that the films become insulator below certain thickness for both optimized doping 
La2/3Ca1/3MnO3 and La2/3Sr1/3MnO3. It is generally accepted that the reduced dimensionality 
will indeed cause a dead layer. However, some other ingredients such as strain [39-43], 
non-stoichiometry [44-45] and interface coupling [24, 46] should also contribute to the 
observed thickness of dead layer. For example, the dead layer of La2/3Sr1/3MnO3 on NdGaO3 
is reported to be ~3 nm while on the LaAlO3 which has more compressed strain is about 5 nm. 
The built-in electric field at electric contact region may also affect the thickness of the dead 
layer. Liang et al. shows that the dead layer of La2/3Ca1/3MnO3 on conductive Nb-SrTiO3 
substrate is 4.4 nm, much less than that (= 13 nm) of the case on insulating SrTiO3 substrate 
[38]. As a result, the sole reduced dimensionality induced exact thickness of dead layer still 
remain mysterious. 
 
Figure 1–8: Transport properties of (a) La2/3Ca1/3MnO3 and (b) La2/3Sr1/3MnO3 thin films with 
different thicknesses. Figures adapted from [38, 39]. 
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 Another scale typically existing in correlated electron materials is the size of the 
inhomogeneity [9, 10]. The relative size of a material to its inside domain size of individual 
phase critically affects the properties. Although the direct cause of the inhomogeneity still 
remains mysterious, it is generally thought to be either chemical disorder or spontaneous 
electronic phase separation leading to the inhomogeneity. The phase separation will occur in 
almost any strongly correlated electron system near a bi-critical or multi-critical point which 
is precisely where these studies will be conducted. Any small fluctuation close to the critical 
region caused by such as thermal or chemical disorder will lead to the "Butterfly Effect". For 
example, change of A site radius <rA> by 0.002% in La5/8-yPryCa3/8MnO3 will induce a huge 
change of their transport properties [47, 48]. There will always be a length scale for domain 
size of separated phase in these materials. When the materials has reached that scale, one 
would expect a fundamental change of the properties. 
 
Figure 1–9: Spatial confinement effect on percolation. 
 Although we don‘t know exactly whether and how the spatial confinement would affect 
the coupling, its effect on transport properties in a phase separated materials could be 
expected. In a system where metal and insulator phases coexist, electrons will prefer the 
lowest resistivity region to flow through and bypass the high resistance area. In bulk, the 
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individual domain will be hidden in domain sea. As shown the Figure 1-9, if the size of a 
material is much bigger than its characteristic domain size, the percolation would more easily 
occur than the case that the scale of the material is comparable with its domain size. If a wire 
could be fabricated with a width on the same scale or smaller than scale expected for the 
electronic phase separation in the CMOs, one would expect quite dramatic changes in 
functionality and the emergence of new phenomena. The challenge is that the expected length 
scale is in the order of nanometers, which makes fabrication very difficult. Fortunately, 
submicrometer scale of phase separation has been observed in the La1-xPrxCa3/8MnO3 
(LPCMO) system where ferromagnetic metallic and charge order insulating domains of ~ 
micrometer coexist [47]. This large scale phase coexistence makes the LPCMO an ideal 
model system for fabrication, because wires of micrometer wide can easily be achieved by 
using conventional lithographic fabrication processes. The scientists in Oak Ridge National 
Lab realized the unique characteristics of the domain size in LPCMO and they confined 
LPCMO into submicrometer wires [49, 50]. The LPCMO thin films were first epitaxially 
grown on single crystal substrates using Laser Molecular Beam Epitaxy. Wires were 
fabricated from the epitaxial thin films using conventional wet-etch optical lithography [49]. 
Figure 1-10 illustrates the dramatic changes in transport behavior that spatial confinement 
can cause on CMOs.  The thin film (red) shows a metal-insulator transition (MIT) at ~ 180 
K just like that in the bulk. The wire exhibits a MIT at a slightly lower temperature (~ 150 K) 
than that in the film, but after entering a region of metallicity (~125 K), the resistivity 
rebounds and forms a second MIT--a reemergent MIT. This behavior was found to be tunable 
through the balancing of strains induced by the substrate and doping composition [50].  
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Figure 1–10: Resistivity in a 10m LPCMO (x=0.3) wire (black) as a function temperature 
The red curves are for the thin film. The measurements were made at 1T and the arrows show 
the heating or cooling cycle. The inset shows a SEM image of the wire. Figure adapted from 
[50]. 
1.3 Oxygen in Metal Oxides 
 Oxygen atom with non-magnetic 2p-electron outside has very high electron affinity. The 
2p electron plays an important role in orbital hybridization and formation of crystal. Oxygen 
in metal oxide will pull valence electrons away from metal cations, resulting in strong 
interatomic electric fields, which will generate correlated interaction. In ferroelectrics 
materials, using BaTiO3 as an example, hybridization of d orbitals with occupied p orbitals of 
the octahedrally coordinated oxygen ions can induce long range polarization [51]. The 2p 
electron in oxygen atom can be an intermediate for electron wandering through double 
exchange [52]. The double exchange mechanism is schematically shown in Figure 1-11. We 
choose Mn-O-Mn chain as an example to illustrate the double exchange. As a spin up 
electron of O 2p could jump to empty eg orbital of Mn
4+
, and the spin up eg electron in Mn
3+
 
jumps to O 2p, the eg electron can wander from one Mn
3+
 to neighbor Mn
4+
, creating a 
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conductive channel. The double exchange will induce a ferromagnetic coupling between two 
neighbor Mn atoms, resulting in the coupling between electrical phase and magnetic 
properties as broadly observed in many manganites [53]. In high temperature 
superconductive cuprates, such as YBa2Cu3O7-x, the special strong interaction between 
electron and the two dimensional Cu-O plane is thought to be the reason of making cooper 
pair more tightly bonding. Oxygen orbital is one of the important issues in the Cu-O plane 
[54].   
 
Figure 1–11: Scheme of mechanism of double exchange. 
 The importance of the oxygen is also reflected in the role of oxygen vacancies in metal 
oxides. Due to the nature of oxygen of gas state, oxygen vacancies are easily introduced 
through decreasing oxygen partial pressure during growth of a crystal or post-annealing in 
vacuum. More than a solely doping effect, like defects in a simple semiconductor, oxygen 
vacancy can strongly change the correlation effects especially in transition metal oxides. The 
oxygen vacancy can change structure; dope with electron/hole; vary valence of cation; induce 
local strain and change local electron density finally changing the magnetic, dielectric 
properties and transport properties of complex metal oxides. In high temperature 
superconductive cuprates, the occupancy of oxygen vacancy at particular crystal sites and its 
concentration both are very important for superconductive critical temperature [54-57]. The 
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oxygen vacancies can change the ferroelectricity of Bi4Ti3O12 [58]; tune the ferromagnetism 
of Fe doped In2O3 [59]; control the metal-to-insulator transition temperature in La2/3Sr1/3CoO3 
[60]; switch insulating SrTiO3 to superconductor/metal [61]. Figure 1-12 sketches several 
examples of the oxygen deficiency effect on the complex metal oxides.  
 
Figure 1–12: (a) Resistance of oxygen deficient SrTiO3-δ as a function of temperature. (b) 
Coupling of the magnetism and resistivity with oxygen content in Fe-In2O3. (c) The 
superconductive critical temperature vs. Oxygen vacancy concentration in YBa2Cu3O7-δ. (d) 
The transport properties of La2/3Sr1/3CoO3 thin films with different oxygen vacancy contents. 
Figures adapted from [59-61]. 
 In perovskite SrTiO3, the oxygen captures two electrons and forms O
2-
. After removing a 
oxygen to create a vacancy, two electrons then are released. As a result, the oxygen vacancy 
acts like a double electron donor [62]. Doping electron is just one aspect of the roles that 
oxygen vacancies play. It is reported in 2005 that introduction of the oxygen vacancies by Ar
+
 
irradiation will make SrTiO3 shine blue light and even enhance the bandgap energy emission 
but at the same time we have to notice that the SrTiO3 is an indirect semiconductor [63, 64].  
 Oxygen adds another degree of freedom allowing us to tune the properties of complex 
metal oxides. We may ask questions such that how the oxygen vacancies affect the properties 
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of nanostructural complex metal oxides and is it different from that in bulk. To date, very few 
researches directly compare the oxygen defects in nanostructure with those in bulk. There is 
one report by Kotomin et al. on such issue accomplished by first-principle calculations of 
oxygen vacancies in ultrathin SrTiO3 thin film [65]. They show that surface plane defect 
properties differ from the bulk. Formation energy of oxygen vacancies (VO) at the surface 
dramatically decreases by 1 eV and the defect energy level locates much deeper in the band 
gap. The behavior of Ti-VO-Ti complex differs with different orientations (parallel or 
perpendicular to the surface). Oxygen defects (e.g., vacancies) could have much more 
different effect in the nanostructural complex metal oxides than in the their counterpart of 
bulk. 
 Generally, the oxygen content can be controlled during the growth by controlling oxygen 
partial pressure, after growth by annealing and quenching in specific atmosphere. The Ar
+
 
irradiation as mentioned above is another example to manipulate the oxygen. All these 
methods can be categorized into "static control". In contrast to this ―static‖ control, dynamic 
control could be accessed too due to mobility of oxygen in many metal oxides. The field can 
move the oxygen, so it could be an ideal way to dynamically control the oxygen vacancies. In 
other words, a real time control of the properties of metal oxides can be achieved dynamically. 
Such possibility is promoted in nanoscale materials where ultra strong electric field (> MV/m) 
could be easily accessed. At low electric field, the drift velocity of oxygen is proportional to 
the external electric field so that the mobility (µ = ѵd/E) is a constant. Unfortunately, the 
mobility is relatively low for most of the metal oxides. Table 1-1 lists the mobility of several 
metal oxides [66-71]. Taking example of BaTiO3, it is just 10
-14
 cm
2
·s
-1
·V
-1
 at room 
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temperature [68], which will cost the oxygen to take nearly 4 months to travel through 10 nm 
under 1 kV/cm electric field. 
Table 1-1: Oxygen mobility and travelling time in a distance of 10 nm for different materials 
under a electric field of 1 kV/cm. Electron mobility in Si is listed for comparison.  
  Material 
µ 
(cm
2
.s
-1
.V
-1
) 
(E=1kV/cm) 
Vd (cm.s
-1
) 
(l=10 nm)  
τ (s) 
Pr0.7Ca0.3MnO3[66] 3.8×10
-12
 3.8×10
-9
 260 
SrTiO3[67] 10
-13
 10
-10
 1000 
BaTiO3[68] 10
-14
 10
-11
 10000 
TiO2[69, 70] 4×10
-17
 4×10
-14
 2.5×10
7
 
Electron in Si[71] 1000 10
6
 10
-12
 
 However, ultra strong electric field can exponentially enhance the mobility. As shown in 
Figure 1-13, the presence of external electric field decreases the energy barrier for oxygen 
neighbor jumping.  
 
Figure 1–13: Left, Oxygen vacancy in a crystal field; Right, lower down of barrier under 
electric field. λ is jump distance and Δε is the energy barrier. 
Considering this, the drift velocity is then described by the followed item 
vd = υλe
−
Δε
kB T(e
λE Z e0
2kB T − e
−
λE Z eo
2kB T ) 
υ is the attempt frequency, and λ is jump distance, Δε is potential barrier, E is electric field 
intensity. The mobility can be derived 
μ =
vd
E
=
υλ
E
e
−
Δε
kB T(e
λE Z e0
2kB T − e
−
λE Z eo
2kB T ) 
At the low field, the drift velocity is linearly proportional to electric field 
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vd = E
υλ2 Z e0
kBT
e
−
Δε
kB T   
And so the mobility just depends on temperature. However, at high field where the λE Z e0 
is comparable with thermal energy (kBT), then the drift velocity can be approximately 
estimated by 
vd = υλe
−
Δε
kB Te
λE Z e0
2kB T  
Therefore the drift velocity will increase exponentially with field. If λ=4 Å, E=109 V/m, and 
|Z|=2, at room temperature, e
λE  Z  e 0
2kB T = 5 × 106, vd(E=10
9
 V/m)/vd(E= 10 V/m) = 10
13
, the 
strong electric field will gigantically boost the motion of oxygen.  
 
Figure 1–14: (a) Write a conductive wire at LaAlO3/SrTiO3 interface with conductive AFM 
tip by applying a bias to the tip. (b) The conductivity between two electrodes as a function of 
writing length. It suddenly jumps to high value due to two electrodes connected. (c) Erase 
metallic 2D-gas locally. (d) Conductivity between electrodes drops due to locally break of 
conductive wire. Figure adapted from [72]. 
 In 2008, Cen et al. successfully used electric field from conductive a AFM tip to control 
LaAlO3/SrTiO3 interface oxygen vacancies and achieved the nanoscale control of 
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metal-insulator transition at LaAlO3/SrTiO3 interface [72]. They could even use AFM tip to 
write a metallic nanowire by scanning AFM tip (see Figure 1-14). The local strong electric 
filed can also induce local oxygen vacancies migration in SrTiO3 single crystal which then 
leads to a resistance switching [73]. It is extensively reported in metal/meta-oxide/metal 
sandwiched structure that an electric field can induce a large and permanent but still 
reversible change of resistance [73-76]. The oxygen migration is thought to be a key 
mechanism responsible for the resistive switching in many kinds of such sandwiched 
structure [74, 75]. The resistive switching phenomenon can be applied for resistance random 
access memory. The dynamic control of oxygen vacancies will be significant for oxide 
nanoelectronics. 
 
Figure 1–15: Direct imaging of oxygen column in SrTiO3 and YBa2Cu3O7 with Cs-TEM [77]. 
 Nevertheless, understanding at the atomic level of the nature of the oxygen and its 
vacancies remains limited. Directly imaging oxygen atom inside a crystal is very difficult 
because of its weak scattering to electron and very small size (~0.1 nm). Development of 
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aberration-corrected TEM (Cs-TEM) makes the imaging of oxygen atom possible. Through 
properly adjusting the spherical aberration coefficient to a negative value, Jia et al. [77] first 
directly imaged the strings of oxygen atoms in SrTiO3 and YBa2Cu3O7  (see Figure 1-15). 
Such technique of allowing us to determine oxygen position and content will hold the key to 
research of physics in oxide, especially the oxidation/reduction process, relation between 
oxygen vacancies and physical properties.
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Chapter 2 Experiment Methods 
2.1 Thin Film Growth  
2.1.1 Laser Molecular Beam Epitaxy 
 A Laser Molecular Beam Epitaxy (Laser-MBE) system is made up of a KrF excimer 
laser; a rotational multiple-target assembly; a gas flow nozzle; substrate heater and a 
Reflection High Energy Electron Diffraction (RHEED) (see Figure 2-1a). The KrF excimer 
laser which we use was provided by Lambda Physik Co.. It has a wavelength of 248 nm and 
pulse duration of 30 ns. The laser energy of each pulse can reach up to ~1.0 J. Dynamic 
growth process can be monitored by RHEED. In order to be compatible with high growth 
pressure, RHEED usually uses a double-stage differentially pumping system to keep pressure 
inside the RHEED very low. A multi-target holder is necessary for growing multilayer. Our 
multi-target holder has a target rotating motor to switch the targets and a spinning motor to 
spin the targets . Our setup enables us to install 6 targets at the same time. 
 
Figure 2–1: (a) Schematic diagram of Laser-MBE setup; (b) Our integrated Laser-MBE and in-situ 
characterizations system made up of XPS, STM/AFM, LEED. 
 To deposite the material of a target on a substrate, a pulsed-laser beam with a spot size in 
the order of magnitude of 1 mm
2
 is required to bombard a target and cause a rapid removal of 
the material and formation of an energetic plasma plume. The plume travels through vacuum 
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and then condenses back to solid state onto a substrate. The plume always contains a 
combination of ions, electrons and neutral particles. Generally, a target which can be either 
ceramic or single crystal is shaped into a disk. In the process of laser ablation, the photons are 
first converted into electronic excitations and then into thermal, chemical and mechanical 
energy, resulting in rapid removal of the material from the target surface. The density and 
mean free path of the plasma plume are determined by both the chamber pressure and the 
incident laser energy. Different from thermal evaporation deposition where evaporated atoms 
have very low kinetic energy, the particles in the plasma plume have very high kinetic energy 
on the order of magnitude of 50 eV, which results in much longer mean free path even at high 
pressure. As a result, the Laser-MBE has a very big gas pressure window ranging from ~1.0 
Torr to ultra high vacuum (UHV). With this capability, the stoichiometry can be easily 
controlled. Laser-MBE is good for growing metal oxides with admittable and exhaustible 
oxygen gas. The quality of the thin film also relies on the substrate structure and temperature. 
 
Figure 2–2: Drawing of substrate heater. 
 Our Laser-MBE setup is connected to our comprehensive in-situ characterization system 
comprised of LEED, STM/AFM, XPS as shown in Figure 2-1b. To transfer the as-grown 
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sample to the in-situ characterization chamber, a special mobile substrate heater was designed. 
Figure 2-2 displays the drawing of the heater. With this special design, most of the heating 
power is localized to the heating part as shown in the left corner of Figure 2-2 so as to keep 
the other parts of the heater frame at much lower temperature. The filament can be made of 
either inertia metals such as Pt or other refractory metals such as W, Ta, Mo, depending on 
the specific application. The heater if made of inertia filament such as Pt wire can be used 
both in reactive gas and ultra high vacuum. If a filament has very high melting point such as 
W and Ta, the heater can provide as high as 1300 Celsius degree but be only used in vacuum 
condition or relative low pressure of reactive gas.  
2.1.2 Reflection High Energy Electron Diffraction 
 
Figure 2–3: (a) Schematic diagram of a RHEED setup.(b) RHEED patterns for different 
surface morphology. 
 Reflection High Energy Electron Diffraction (RHEED) is a surface sensitive technique to 
probe surface topography and monitor dynamic growth process. The RHEED setup is 
schematically shown in Figure 2-3a. It is made up of an electron gun and a phosphor screen 
to record the pattern. High energy electron beam approaches a sample surface at a very small 
grazing angle θ (<5o) and is reflected off the surface. Some of the diffracted electrons reach a 
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phosphor screen and form a RHEED diffraction pattern which strongly depends not only on 
the surface symmetry but also surface topography. The relation between surface topography 
and RHEED pattern is shown in Figure 2-3b. A real time record of RHEED evolution could 
be used to monitor the growth of a thin film. A RHEED pattern can tell us the growth 
mode-2D or 3D. The tracking of the intensity of a specific spot can be used to monitor 
layer-by-layer growth. For a 100% coverage 2D surface, the RHEED intensity is strongest; 
after growing some, for example half unit cell equally, the intensity will become weakest; the 
intensity can recover after a full one unit cell grown. Figure 2-4 shows a typical layer by 
layer growth process and corresponding oscillation curve. One period represents one layer. 
The oscillation can tell us growth rate and number of grown layers. To collect a RHEED 
pattern, a camera is used to collect the image from a phosphor screen; images will be 
processed in a computer where the intensity of a specific spot could be traced.  
 
Figure 2–4: The dynamic process of layer by layer growth monitored with REEED. 
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 In a RHEED setup, only atoms at a sample surface contribute to the RHEED pattern. The 
diffraction pattern on a screen is a function of surface structure. The pattern depends on the 
spacing of periodic atoms at the surface and the wavelength of the incident electron beam. 
Two types of diffraction will happen. Some of electrons are elastically scattered at crystal 
surface, that is, kinematic scattering. Some will undergo multiple scattering and lose some of 
their energy, called dynamic scattering. The kinetic scattered electrons account for the high 
intensity spots or rings. Generally, we use kinetic diffraction pattern in thin film growth to 
monitor surface morphology and growth process.  
2.1.3 Back-Biased-Face-Target-Sputtering 
 
Figure 2–5: Scheme of a back-biased face target sputtering chamber. 
 Back-Biased-Face-Target-Sputtering (BBFTS) [78] is a well developed technique for 
growing a metal oxide thin film compatible with complementary metal oxide semiconductor 
(CMOS) process. A metal oxide thin film can be grown at low temperature (< 400 
o
C) with 
this technique. The structure of a facing targets sputtering device is schematically shown in 
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Figure 2-5. A pair of target plates are placed at opposite ends of chamber respectively so as 
to face each other and form a plasma region there between. Magnet poles of different 
polarities face each other across plasma region so as to establish magnetic field to help 
formation of plasma region between target plates. With the help of Ar
+
 sputtering and a 
magnetic field, a region of plasma composed of materials of targets is formed between the 
target plates. A substrate, which maintains at low temperature, is placed close, but out of this 
plasma region. The substrate is back-biased with another voltage source which attracts the 
plasma to the substrate, resulting in growth of target material on top of the substrate. With gas 
(inert or active) admittable and exhaustible, the stoichiometry such as oxygen content of a 
grown thin film can be controlled. 
2.2 Characterization  
2.2.1 Transmission Electron Microscopy 
 
Figure 2–6: Left, sketch of first TEM; Right, picture of the first practical TEM. Figure 
adapted from wikimedia. 
 Transmission Electron Microscopy (TEM) has become a very popular and powerful tool 
for both the materials science community and industry to reveal microscopic structure with 
ultrahigh resolution of sub-Ångström. The history of TEM is traced back to early 1920s. The 
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resolution of a microscopy is limited by the wavelength of an incident beam. Traditional 
optical microscopy has confronted a bottleneck due to its big wavelength or otherwise 
expensive quartz optical components for UV or X-ray of smaller wavelength. New method 
was required. In 1925, Louis de Broglie proposed the concept of matter wave that the 
wavelength of a particle is determined by an equation as followed 
λ =
h
p
 
 A wavelength of a 100 keV electron is 3.7 pm and such high energy electron if can be 
used to image must be able to provide much higher spatial resolution than that of an optical 
microscopy. The electron microscopy was indeed realized in 1931. Max Knoll and Ernst 
Ruska created the first electron microscope which already showed better resolution than 
optical microcopy at that time and later in 1939 they developed first commercial TEM (see 
Figure 2-6).  
 
Figure 2–7: (a) Optical setup for both optical microscopy and TEM. (b) EELS of La M5 and 
M4. (c) A schematic diagram of integrated TEM, EDS, EELS system 
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 The working mechanism of a TEM is quite similar with optical microscopy. Two big 
differences are that TEM uses magnetic lens and electron beam as light source. Figure 2-7 
shows the optical paths for both optical microscopy and TEM. When aTEM electron beam is 
focused to ultra narrow spot (~1 nm) and scanned over a TEM specimen in a raster, the 
resulted mapping is called scanning TEM (STEM) image. STEM can provide better spatial 
resolution of ~1 Å.  
 Besides a function of structure imaging, the nature of electron allows TEM to probe 
chemical information and electron structure. When an electron travels through a specimen, it 
will be either elastically or inelastically scattered by the specimen. Elastic scattered electron 
can be used to form diffraction pattern, which can provide the information of the lattice 
structure of the specimen including symmetry. Inelastic scattered electron includes some 
other interesting information, for example, chemical composition, electron bonding. Inelastic 
scattered electron could yield Electron Energy Loss Spectrum (EELS). The amount of energy 
loss of an inelastic scattered electron can be measured via an electron spectrometer. Inelastic 
interactions include phonon excitations, inter and intra band transitions, plasmon excitations, 
inner shell ionizations, and Čerenkov radiation. The energy loss due to inner-shell ionizations 
(a core level transited into outer empty states) is a fingerprint of element, so it could be used 
to detect elemental components of a material. The inner-shell ionization features ―absorption 
edges‖ in EELS. One example of adsorption edges is shown in Figure 2-7b. The absorption 
edges can reflect information of local density of empty states, oxidation state, local 
coordination of a respective atom, etc.. The Energy Dispersive X-ray Spectroscopy (EDS) 
which uses the electron beam to activate the emission of X-ray from a TEM specimen is a 
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complementary elemental analysis tool to EELS. Figure 2-7c shows an example of integrated 
functions of a STEM which includes EELS, and EDX. Such set-up is useful for structure 
analysis, elemental identification, quantification and mapping. 
 
Figure 2–8: (a) Integrated SPM-TEM system; (b) Schematic diagram of in-situ electrical 
properties measurement; (c) SPM-TEM sample holder (d) Drawing of the 3D piezo-motor 
used for SPM; Drawing (e) and real picture (f) of home-made specimen holder. 
 Another advantage of TEM is the capability that external stimulus can be applied inside 
it with simultaneous in-situ characterization with TEM. External stimulus can be temperature 
[79-81], electric field [82-85], mechanical stress [86]. X. D. Bai‘ group in institute of physics, 
Chinese academy of science, cooperating with our group, has developed a scanning probe 
microscopy SPM-TEM system [87-88] whereby the SPM tip navigated by TEM can 
approach to the TEM specimen to act as an electrode. SPM tip can provide very local electric 
field. Figure 2-8 shows the picture of this setup. A SPM unit is integrated with the TEM 
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sample holder. The process of transport measurement and simultaneous investigation with 
TEM is schematically shown in Figure 2-8b. To conveniently measure the electrical 
properties of a TEM specimen, a special TEM specimen holder with a open window for the 
SPM tip to approach the specimen was designed (see Figure 2-8e ).  
2.2.2 Scanning Tunneling Microscopy  
 
Figure 2–9 (a) Diagram of STM surface imaging. (b) STM image of surface structure of (001) 
TiO2. 
 Scanning Tunneling Microscopy (STM) is one of the few inventions that took just 5 
years after its invention to win the Nobel Prize. It was developed by Binig and Rohrer at IBM 
in 1981 and proved to be a powerful tool for surface science [89]. STM is famous in public 
for its ability of ―seeing‖ atoms, but much beyond this, STM can probe surface electron‘ 
density of state (DOS).  The working mechanism of a STM is schematically shown in 
Figure 2-9a and Figure 2-9b is structure of (001) TiO2 surface imaged by our Omicron STM 
system. A sharp tip finely controlled by a 3D piezo motor biased a voltage stands above but 
very close to the surface. Generally, a STM tip and sample surface are spaced by d (1 Å < d < 
10 Å). A tunneling current goes from the tip to sample. The tunneling current strongly 
depends on DOS of a specific sample and tip as well as the tunneling gap as revealed by the 
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following equation:  
𝐼 ≈
4𝜋𝑒
ℏ
 𝑒
−𝑑 
8𝑚𝜑
ℏ2  𝜌𝑡(0)  𝜌𝑠 𝜀 𝑑𝜀
0
−𝑒𝑉
 
The differential of tunneling current over bias gives rise to information of DOS 
𝑑𝐼
𝑑𝑉
∝ 𝐷𝑂𝑆 𝑒𝑉   
 The tunneling current will choose the most near atom to sample surface. A very sharp tip 
is critical for topographic imaging. The tip can be platinum, tungsten, gold. Tungsten tip is 
more popular since it is much more easily to be obtained through electrochemical etching. 
2.2.3 X-ray Photoelectron Spectroscopy 
 
Figure 2–10: (a) Scheme of the photoelectron process, (b) Scheme of a XPS set-up. 
 X-ray Photoelectron Spectroscopy (XPS) is an instrument widely integrated in UHV 
system. It is an important technique to obtain chemical composition, impurity, chemical 
valence and bonding environment. As shown in Figure 2-10a, the incident X-ray will ionize 
atom/molecular with generation of a photoelectron. According to energy conversation law, we 
have 
Ef-Ei=hυ-Ek 
Here, Ef  is the total energy of final state (after ionization), and Ei is total energy of initial 
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state (neutral state). The binding energy EB is formally defined as the difference between the 
Ef and Ei. 
EB= Ef-Ei. 
 Suggestion from above equations, the EB can be measured by measuring kinetic energy 
of photoelectron. Right of Figure 2-10 shows the process of measuring EB. First, 
photoelectron is generated by X-ray irradiation; then collected by an electron energy analyzer; 
the kinetic energy of the photoelectron is measured by the analyzer finally. The sample is 
short-connected with the analyzer and so they have same Fermi energy level. People usually 
use Fermi level of analyzer as reference energy and thus the EB is rewritten as 
EB=hυ-Ek-Φ 
Φ is the work function of the analyzer. Recording the number of electrons as a function of 
binding energy yields the spectrum. Different elements have quite different energy of orbitals 
and electron population, as a result the peak (corresponding to EB) in XPS spectrum can serve 
as a fingerprint of an element, making it a useful tool to analyze chemical composition. Since 
the electron population, chemical environment, bonding and electron-electron correlation can 
affect the Ef and Ei, the shift of the peak from core levels can provide information on 
chemical composition and chemical valence and the satellite spectra in XPS offers the 
information on electron-electron correlations. 
 The kinetic energy of a photoelectron is relative low (~1 KeV generally), so only a 
number of electrons which escape from the top 1 to 10 nm of a material are analyzed. XPS is 
surface sensitive technique and requires ultra high vacuum (UHV) condition.  
33 
 
Figure 2–11: Setup of angle resolved XPS. 
 By collecting the off-normal photoelectron as shown in Figure 2-11, angle resolved XPS 
(ARXPS) can be used to perform depth profile analysis. The photoelectron of certain kinetic 
energy will have a limited inelastic mean free path (IMFP) which is an index of how far an 
electron can move in a solid before losing energy. The kinetic energy of a photoelectron 
generally ranges from several hundreds of eV to about one thousand eV. In this energy range, 
the IMFP is about 1-3 nm. The off-normal photoelectron will have much of its component 
from the surface. For a layer material, the intensity ratio between two elements (A and B) as a 
function of off-normal angle can be written as  
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Here, j means the jth atomic layer, and θ is the off-normal angle, λ is the IMFP of electron with certain 
kinetic energy (E), and d is the space between closest neighbor layer, n is the atom concentration in jth 
layer, σ is the photoelectron cross-section. Take λ = 2 nm as an example, the λ Cos(85o) is equal to 
0.17 nm and generally the d is ~0.2 nm, so the photoelectron from the layer just underneath top 
surface atomic layer will strongly be decayed by a factor of 0.3 compare to the top surface. The 
intensity of surface XPS information will increase with increasing off-normal angle. The ARXPS is a 
powerful method to get the surface XPS information as well as depth profile. 
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2.2.4 Low Energy Electron Diffraction  
 
Figure 2–12: Scheme of LEED setup. Right top, scheme of LEED diffraction process. 
 Low Energy Electron Diffraction (LEED) is a surface sensitive technique used to 
determine surface structure. Figure 2-12 schematically illustrates a typical setup of LEED 
experiment. A monochromatic electron beam generated by an electron gun with energy 
variable (range: 20 eV-300 eV typically) is normally incident on a surface; the backscattered 
electrons then will form specific pattern on a phosphor screen. To get enough intensity on the 
phosphor screen, a high voltage is biased on the screen to accelerate the electrons so that high 
energy electron can lighten the screen. A suppressor voltage (0-3 V) is used to filter 
unexpected low energy electrons to reduce noise. The sample must be conductive and 
grounded in case of charging. LEED pattern is usually recorded with a CCD and processed in 
a computer.  
 A LEED pattern in principle is reciprocal space of a sample surface. Spots are formed 
due to Bragg law. From the right-top panel of the schematic illustrate of Bragg diffraction, we 
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can derive that 
dsin(θ)=nλ 
where λ is wavelength of an incident electron. According to De Broglie relation, the 
wavelength of an electron is given by 
=h/p=h/(2mE)1/2=(150.4eV/E)1/2 (Å) 
Here, e is the electron charge and m is the mass of electron, E is energy of electron beam. The 
typical energy range of an electron beam is from 20 eV to 300 eV, correspondingly, the λ 
ranges from 2.74 Å (20 eV) to 0.7 Å (300 eV). As a result, the λ is smaller than lattice 
constant in most cases.  
 LEED is surface sensitive technique. According to the mean free path vs. electron energy 
curve in Figure 2-13,, a minimum value (~5 Å) exhibits at the energy range from 50-100 eV, 
hence we can conclude that only a few atomic layers on top of the sample surface contribute 
to the LEED pattern and intensity.  
 
Figure 2–13: Universal curve for the electron mean free path [90]. 
 Besides rough estimation of surface symmetric and surface structure, LEED can be used 
to determine accurate positions of surface atoms in a way that recording the intensity of a 
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diffraction spot as a function of incident electron beam energy (I-V curves) and performing 
theoretical calculation of I-V curves. The LEED I-V curves depend on both the surface 
structure and chemical composition. A theoretic model will be proposed to generate theoretic 
I-V curves. Theoretic curves will be used to compare with the experimental LEED IV curves. 
Some methods are used to determine whether the theoretic curves are a good fit of 
experimental data, such as Pendry R-factor (Rp) [91]. The smaller Rp means more reliable 
structure refinement. A small Rp of less than 0.3 is generally thought to be a good fit and then 
the proposal structure model is thought to be reliable. 
2.2.5 Transport Measurement 
 
Figure 2–14: Time-resolved physical properties measurement system. (a) Real photo of 
electronic test devices and computer. (b) Schematic picture of the system setup. All 
measurement will be automatically finished by friendly software written by Labview. (c) 
current-voltage (I-V) test software. (d) Temperature-dependent resistance and noise 
measurement. The software will automatically calculate the power spectrum density and fit 
spectrum with 1/f noise parameters, then plot these parameters versus temperature. (e) PPMS 
control interface integrated with our home made test system. 
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 The Current-Voltage (I-V) test is a fundamental electrical characterization of materials, 
especially a junction where a current rectification exists. The resistance could be measured 
via I-V measurement. To measurement the resistivity of a material, there are two approaches. 
One is two-termination measurement and another is four-termination measurement. We 
usually has a contact resistance between electrode and material, so simple two-termination 
could involve a contact resistance error and it is not good for accurate measurement. In 
contrast, four-termination measurement could exclude contact resistance. To perform a I-V 
test and resistivity measurement, we developed a home-made electrical measurement system 
as shown in Figure 2-14. The Keithley sourcemeter (2601 & 2400) can provide wide range 
current & voltage source and precisely measure current & voltage as well. With Labview 
language programming, we can easily developed customized functions. Some functions such 
as I-V sweep, time resolved transport are shown in Figure 2-14. To extend our research 
capability, we developed a temperature dependence noise and electrical transport 
measurement system. A liquid nitrogen cooling system is used to vary temperature. The 
sample is put in a copper case which can be cooled down by liquid nitrogen. During cooling 
down and naturally heating up, we are able to measure electrical transport property of a 
sample at varying temperature. Such simple setup enables us to measure T-dependence 
transport. 
 The fluctuation of transport properties (e.g., time resolved resistance record) can reflect 
some intrinsic fluctuation in materials. There are some papers using resistance fluctuation to 
research phase separation and domain wall motion [92-94]. The measurement is performed 
by using to provide low noise constant current and high speed NI data acquisition card to 
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acquire voltage. Current from Keithley 2601 ranges from 1 nA to 1 A. The data acquisition 
rate can reach 1 MS/Hz, giving us a time resolution of 1 μs. Such capability endows us to 
measure large resistance range from 1 Ω to 100 MΩ with time resolution of 1 μs.  
 The Quantum Design PPMS can only measure samples with not too big resistance (<10 
MΩ), which will limit some measurements. To use PPMS to measurement big resistance, we 
developed an interface changer, through which we can connect our home-made electronic 
setup to PPMS. Beyond the resistance range, our external electronic setup can be used to 
measure resistance fluctuation and I-V curve in PPMS with access to its low temperature and 
strong magnetic environments. 
2.3 Device Fabrication Technique 
2.3.1 Photolithography 
 
Figure 2–15: Schematic diagram of a standard dry-etch lithography process. 
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 Photolithography is fast and convenient way to create nano/microstructure. Combining 
with etching and deposition, we can fabricate complex structure, such as field effect transistor 
(FET) devices, array of nanostructures. A procedure as shown in Figure 2-15 is used to 
illustrate how the photolithography works. At first, photoresist is spin-coated on a thin film 
uniformly, and then is exposed to a light with a mask. The photoresist which is exposed to 
light will become soluble in a development solution and after development these areas will be 
removed. The residual photoresist with pattern same as the mask plays a role of mask for 
reactive ion etching process. After a subsequent process of reaction ion etching and removing 
the photoresist by such as acetone, we finally transfer a pattern from the mask to the film. If 
we deposite metal thin film instead of etching, then we get patterned metal thin film on the 
substrate. Photolithography is a process that transfers geometric pattern from a photo mask to 
a substrate. The exposure of photolithography is very fast that it takes just about 30 seconds 
and can has a big exposure area (for example, 4 inch wafer), enabling us to create billions of 
structure at a short time. Photolithography is so a low cost and fast microfabrication 
technique that it is widely used in semiconductor industry.  
2.3.2 E-beam Lithography 
 E-beam lithography which uses electron-beam of ~10 KeV as ―light source‖ works 
similar with photolithography, but it does not need a mask, instead E-beam lithography uses a 
small electron beam to directly write a pattern like drawing picture with a pencil. The 
smallest line width of lithography is related to wavelength of the ―light‖ or diameter of light 
beam. In principle, smaller wavelength or smaller-beam-size generates smaller line width. 
The limit factor for E-beam lithography is the beam size rather than the wavelength of a 
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E-beam (12 pm for a 10 keV electron). The smaller beam size can produce smaller line width. 
Ideally, the E-beam lithography can produce line width on the order of 10 nm or smaller. The 
development process of E-beam lithography has to take very long time since that the 
scanning speed of E-beam is low. To create an area of 100 μm×100 μm, it needs to take 
several minutes. E beam lithography is used for creating smaller structure usually.  
2.3.3 Focused Ion Beam  
 Focus Ion Beam (FIB) is very similar with E-beam lithography, but the nature of ion 
beam makes FIB much like a direct machining rather than lithography. Focused ion beam 
uses relative heavy Ga
+
 ion, so it will directly sputter the sample surface in an imaging mode 
or directly cut specific region with ion beam focused. In another word, it can directly write 
patterned structure by scanning sample surface with focused beam. The high energy Ga
+
 can 
decompose some gases, so we can directly deposite metal such as platinum with precursor 
gas of trimethyl platinum.
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Chapter 3 SrTiO3 Substrate Treatment 
3.1 Introduction and Motivation 
 SrTiO3 is of cubic perovskite structure and an insulator with a band gap of 3.2 eV. Self 
doping with oxygen vacancies or external element doping by Nb or La will result in a n-type 
semiconductor. More and more interest in SrTiO3 has been stimulated by its exotic properties 
at not only its bare surface but also its interface with other metal oxides.  
 (001) SrTiO3 surface itself exhibits numerous interesting properties. SrTiO3 plays an 
important role in surface reactions and catalysis [95, 96]. The angle resolved photoemission 
spectrum (APRES) reveals the existence of universal free electron gas at surface which can 
be controlled by ultraviolet illumination [97, 98]. First principle pseudopotential method also 
indicates that reduced surface becomes metallic [99].  
 (001) SrTiO3 is one of the most important substrate for epitaxial growth with easy control 
of termination layer (TiO2 vs. SrO). An flat TiO2 terminated surface (TiO2-(001)) can be 
easily obtained by buffer oxide HF solution etching and in-situ annealing [100]; while SrO 
termination surface (SrO-(001)) is obtained by high temperature annealing [101] or 
depositing a SrO layer on TiO2-(001) [102]. Various surface reconstructions (1x2, 2x2, 4x2, 
C(2x2), C(4x2), c(6x2), c(√5x√5), etc.) have been reported [103-108], and two structures of 
surface reconstruction (2x1 [106], 4x2 [107]) have been solved. The surface reconstruction 
can even affect the growth and properties of epitaxial thin films [109, 110].  
 Besides a role as a substrate, the (001) SrTiO3 plays an important role in interface 
properties. When interfacing with other oxides, SrTiO3 exhibits surprising behavior. At the 
LaAlO3/SrTiO3 interface where both LaAlO3 and SrTiO3 are wide band gap band insulators, 
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unexpected quasi two dimensional high-mobility free electron gas emerges [28]. This 
interface can be superconductive at low temperature [29]. Superconductivity behavior was 
also reported at LaTiO3/SrTiO3 interface [111]. Another amazing phenomenon is termination 
(TiO2 vs. SrO) tuning interface properties. Take the LaAlO3/SrTiO3 interface for example, the 
interface maintains insulating when the termination layer is SrO; only TiO2 termination layer 
provides possibility of creating free electron gas [28]. A theoretic calculation suggests that the 
termination layer of SrTiO3 can vary the electronic and magnetic properties of 
SrTiO3/La2/3Sr1/3MnO3 interface [112]. With respect to interface electronic heterojunction 
(e.g., schottky junction), it is reported that junction with SrO termination has larger Schottky 
barrier than that with TiO2 termination [113].  
 The surface defects, polarity, reconstruction and termination layer can so strongly affect 
properties that we really need to know what is the surface structure. Although many surface 
structure models have been proposed, but there are still some contradictions. The most basic 
issue is what is the termination layer. Recent reports seem to be inconsistent. Liang, et al. 
have shown that the annealing in UHV above 1000 
o
C will give rise to SrO rich surface, 
because sublimation rate of Ti is higher than that of Sr [114, 115]. However, Szot et al. 
reported that the UHV annealing results in TiOx rich surface [116]. It seems like that there are 
some controversial findings. In this chapter, we will introduce the treatment of SrTiO3 and 
investigate its surface chemistry and structure by using STM, LEED and XPS. 
3.2 Experiments and Results  
 The 0.1 wt% (001) Nb-SrTiO3 single crystal substrates were provided by CrysTec Co.. 
To perform wet-etching, a substrate was first sonicated in (1) Acetone for 5 min; (2) Ethanol 
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for 5 min (3) Milli-Q water for 5min; (4) then put in buffer oxide HF solution (from Alfa Co. ) 
for 30s. After wet-etching, we used ultrapure N2 gas to blow it to dry, and then mounted it 
onto a home-made sample holder (see Chapter 2), and finally put it into UHV system with a 
base pressure: 10
-10
 Torr.  
 
Figure 3-1: Surface morphology of SrTiO3 (001) at different treatment condition. 
 
Figure 3-2: (a) STM image and (b) height profile of as-etched SrTiO3 surface after degassing 
at 100 
o
C in UHV. (c) STM image and (d) height profile of sample annealed at 900 
o
C for 1 h 
at 10
-4
 Torr Ozone and (e) its 3D image. 
 The surface morphology under different annealing condition was imaged with STM. As 
shown in Figure 3-1, the surface of the as-etched sample (sample-1) has relative narrow 
terraces of about 40 nm wide and the step edges are a little winding. After annealing at 500 
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o
C for 1 h (sample-2), step edge still looks a little winding. The step edge will be straightened 
out at higher annealing temperature as the samples annealed at 800 
o
C (sample-3) and 900 
o
C 
(sample-4) as examples. The large scale STM images of sample-1 and sample-4 are displayed 
in Figure 3-2. The height profile of sample-1 surface shows that step height is ~0.39 nm, 
suggesting a single termination surface of the as-etched sample. After annealing at 10
-4 
Torr 
Ozone at 900 
o
C for 1 h, the surface morphology changes, but the step height is still 0.39 nm, 
indicating that the surface still has a single termination. Generally, an atomically flat substrate 
will favor 2D growth and is good for the quality of a thin film. With respect to a ultrathin film 
especially in the case that the interface coupling cannot be ignored, a single termination and 
atomically flat surface is usually necessary. Through buffer oxide HF solution etching and 
high temperature annealing, we can obtain a good substrate morphology for epitaxial growth. 
 
Figure 3-3: LEED pattern of the sample 1 to sample 4 as mentioned in Figure 3-1. The 
profiler along the red line is shown near the image in the same panel. 
45 
 
Figure 3-4: LEED pattern at 100 eV of surface after 1 h degassing (a) and 10 h degassing (b) 
at 100 
o
C. (c) The LEED I-V curves of these two surfaces. 
 The surface structures of sample 1-4 under four different preparation conditions as 
shown in Figure 3-1 were further investigated by LEED. Both the surface of as-etched 
sample (data not shown) and the in-situ 100 
o
C degassing sample show 1x1 LEED pattern 
(see Figure 3-3a). The 1x1 surface of (001) SrTiO3 is not stable against high temperature. 
The sample-2 which was annealed at 500 
o
C already shows some weak 1x2 reconstruction 
pattern. After annealing at higher temperature, the intensity of the fractional spot of 1x2 
reconstruction increases as the profile curves right below the pattern image revealing (see 
Figure 3-3(b-d)). If the annealing temperature is 900 
o
C, some weak central spots (e.g., (1/2, 
1/2)) appear and the intensity of the central spots is much weaker than the integral spot as 
shown in Figure 3-3f. The surface reconstruction of sample-4 may be mixed with 1x2 and 
2x2. We also check the LEED pattern of sample annealed at higher Ozone pressure such as 
100 mTorr. The surface 1x1 will collapse into reconstruction of (√2×√2) at such high 
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oxidation atmosphere. Our results indicate that the 1x1 is not stable during the high 
temperature treatment. 
 
Figure 3-5: (a) LELD pattern of as-etched SrTiO3 (001) surface at 77 K (b) The comparison 
between experimental LEED-IV curves at 77 K and theoretical curves. Structure of as-etched 
SrTiO3 (001) surface (c) and 3D structure model (d). 
 The 1x1 surface which is obtained after etching is stable at low treatment temperature. A 
comparison of LEED results between two samples of degassing for 1 h and for 10 h at same 
temperature of 100 
o
C is shown in Figure 3-4. Both the surfaces of 1 h degassing and 10 h 
degassing samples are 1x1. The background of the LEED is a little different that the 1 h 
degassing sample has much lower background intensity than the 10 h sample. However, their 
LEED I-V curves show very small or no difference, indicating that they have the same 
surface structure. To figure out the structure of 1x1, a LEED IV of a sample cooled down to 
77 K was acquired. The structure refinement of LEED I-V was performed and the possible 
structure model is figured out as shown in Figure 3-5. The Rp is 0.24. The surface is TiO2 
termination which is consistent with the results from Ref. [100]. However, there are two other 
features which are worth noticing [see Figure 3-5]. One is that there is ~50% O(2) randomly 
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atop Ti and ~50% of O(1) in the TiO2 plane is missing. Another feature is the buckling that Ti 
moves down by ~0.02 Å and the oxygen right down the Ti moves up by 0.02 Å relative to its 
bulk coordination. Both the TiOx plane plus the O(2) and the SrO plane become polarized 
with same polarization direction pointing inside, so we obtain a polar surface. As a result, 
buffer oxide HF solution etching causes a high oxygen deficient polar STO surface. 
 Because of such high oxygen deficient polar character, this surface is instable to high 
temperature treatment. The appearance of surface reconstruction as shown in Figure 3-3 may 
be partly induced by such unique surface structure. Indeed, our experiments show that the 
1x2 easily forms when the as-etched surface is annealed at above 500 
o
C in both UHV and 
oxygen atmosphere of even up to 100 mTorr. The sample annealed in oxygen flow in a tube 
furnace is pure 1x1, indicating that a very high oxygen pressure is required during annealing 
to get a pure 1x1 surface structure. 
 
Figure 3-6: (a) Schematic setup of ARXPS. (b) Structure of TiO2 termination surface. 
Theoretical calculation result of the emission angle dependent intensity ratio of (c) Ti2p/Sr3p 
in the case of TiO2 vs. SrO termination and (d) O1s/Ti2p at different oxygen deficient level at 
top TiO2 termination layer. 
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 The chemical composition of the surface is investigated by using angle resolved XPS 
(ARXPS). With the equation about ARXPS described in 2.2.3, we can theoretically calculate 
the ratio of different element (peak) as a function of off-normal emission angle. The ARXPS 
setup and theoretical results are shown in Figure 3-6. With knowledge of structure and 
chemical composition distribution, element peak intensity ratio can be figured out 
theoretically. The structure and distribution of chemical composition in each layer for the 
TiO2 termination STO is shown in Figure 3-6b, while the SrO termination case can be 
obtained by removing the top TiO2 layer. According to the theoretical results as shown in 
Figure 3-6c, the Ti2p/Sr3p ratio will increase/decrease intensively at high emission angle 
(see Figure 3-6c) if the surface terminates with TiO2/SrO. Assuming that the introduction of 
the oxygen vacancies doesn't affect the IMFP and photoemission cross-section, we can 
calculate the intensity ratio of O1s/Ti2p at different oxygen deficient level at TiO2 
termination layer as shown in Figure 3-6d. The introduction of oxygen vacancies at the 
surface will decrease the O1s/Ti2p ratio. 
 
Figure 3-7: Emission angle dependent intensity ratios of Ti2p/Sr3p at different treatment 
conditions. Rectangle: 100 
o
C UHV degassing for 1 h, circular: 500 
o
C 10
-4
Torr Ozone 
annealing for 1 h, triangle: 900 
o
C 10
-4
Torr Ozone annealing for 1 h. The open pentagram is 
the theoretical simulation result. 
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 Let us turn to the experimental result of ARXPS of (001) SrTiO3 (see Figure 3-7). The 
experimental curves of samples at different treatment conditions show some kinds of similar 
oscillation but don't have a monotonic increase/decrease as expected. Since the 
photoelectrons will be forwardly scattered in s single crystal sample, the diffraction of the 
photoelectron will modulate the spatial distribution of the photoelectron intensity and induce 
a holograph [117]. The holography induced intensity modulation results in the oscillation as 
observed in Figure 3-7. The photoelectron holography phenomenon in another way brings us 
trouble to understand the ARXPS data. It is difficult to determine the surface chemical 
composition due to the disappearance of the monotonic change of intensity ratio. Furthermore, 
the surface absorption, surface reconstruction and non-stoichiometry will affect the IMFP and 
thus affect the peak ratio. It is expected to have a great change of peak intensity ratio at high 
angle up to 85
o
, but it cannot be reached experimentally. The step edge emission and a little 
roughness will cause the ARXPS curves deviate much from ideal 2D surface model at very 
high angle. These effects will change the contribution of surface XPS from the idea 
consideration. The idea theoretic calculation cannot be over-used to interpret the ARXPS data 
and a modified calculation should be developed.  
 The surface absorption and contamination can be easily accessed by high off-normal 
emission angle XPS. As shown in Figure 3-8, the as-etched sample has certain amounts of 
Carbon and Fluorine at the surface as revealed by the ARXPS. F1s and C1s peaks increase 
with increasing emission angle and the peak intensity ratios of the F1s and C1s to Sr3p 
increase too. The F1s/Sr3p ratio can go even up to 0.5. It can be concluded that there are a lot 
of Fluorine and Carbon at the surface of as-etched sample. 
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Figure 3-8: Angle resolved spectrum of C1s peak (a) and F1s peak (b). The intensity ratios of 
F1s/Sr3p and C1s/Sr3p are shown in (c) and (d), respectively. 
 
Figure 3-9: (a) The ARXPS of samples at different treatment conditions. All the samples are 
annealed for 1 h at 10
-4
 Torr Ozone except the one at 100 
o
C degassing in UHV. (b) Zoom-in 
of the F1s peak. 
 The way of how to clean the surface was explored. ARXPSs for different treatment 
conditions are shown in Figure 3-9. It is found that 100 
o
C is not high enough to remove the 
Fluorine. A strong F1s peak can still be observed at 80
o
 spectrum of 100 
o
C degassing sample. 
The Fluorine peak starts to disappear under 500 
o
C annealing that the F1s peak is already 
very weak even in 80
o
 spectrum. Higher annealing temperature of 650 
o
C and 900 
o
C
 
can 
completely remove the Fluorine. The surface contamination by Carbon can also be eliminated 
by annealing at and above 650 
o
C.  
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 In summary, we investigated the surface of HF etched (001) SrTiO3 substrate. It is found 
that the HF buffer solution etching induces a polarized and oxygen deficient TiO2 termination 
surface. This surface is not stable against the high temperature treatment and its initial 1×1 
surface easily collapses into reconstruction when the annealing temperature is above 500 
o
C. 
However, the surface can become atomically flat after high temperature annealing. It is found 
that the (001) SrTiO3 annealed in oxygen flow can sustain its 1×1 structure, so a highly 
oxidized atmosphere is required to get 1x1 surface. It seems very difficult to obtain a 
stoichiometric and atomically flat substrate at the same time. With respect to the surface 
contamination, our experimental results show that a relative high temperature of above 650 
o
C is enough to get a clean substrate for epitaxial growth.
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Chapter 4 Dimensionality and Stoichiometry Effect on La2/3Sr1/3MnO3 
4.1 Introduction and Motivation 
 
Figure 4-1: Crystal structures of Ruddlesden-Popper (RP) serials of (R, A)n+1MnO3n+1. From 
left to right, it is n = 1, n = 2, n = ∞ respectively. 
 Dimensionality driven transition has been extensively observed in many correlated 
materials such as transition metal oxides. The reduced dimensionality will drive the metal 
oxides into a phase far away from its counterpart of bulk, for example, a metallic phase is 
switched into insulating phase when reducing the dimensionality. The dimensionality effect 
has been extensively observed in nanomaterials. However, it is not an exclusive phenomenon 
in nanomaterials such as artificial ultrathin film or quantum dot but also illustrated in layer 
structural materials such as Ruddlesden-Popper serials (R, A)n+1MnO3n+1 as shown in Figure 
4-1. A unique feature for this layer compound is that n layers of (R, A)MnO3 unit cell are 
sandwiched between two insulating (R,A)O layers along c axis, so it equivalently reates an 
ultrathin n layers (R, A)MnO3. The general 3D perovskite structure is the n = ∞ case with 
infinite layers of (R, A)MnO3. With reducing the n so as to reduce the dimensionality, the 
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properties change. For example, the double layer (n = 2) La1.2Sr1.8Mn2O7 has a curie 
temperature of ~100 K [118] which is much lower than that of the 3D La0.6Sr0.4MnO3 (n = ∞) 
of ~ 350 K [119]. The lower curie temperature results much from the reduced dimensionality 
effect. 
 Although Ruddlesden-Popper serials demonstrate the dimensionality effect, but these 
quasi 2D structures could not be an idea 2D since that the interlayer coupling still exist and 
some degree of 3D behavior still survives [120]. Further, it is extremely difficult to grow a 
single crystal of Ruddlesden-Popper structure with n ≥ 3, so it is impossible to investigate 
how the properties evolve with changing the thickness of (R, A)MnO3 one layer by one layer 
through Ruddlesden-Popper crystal. 
 Artificial ultrathin film is another good and better way to explore the dimensionality 
effect. The current Laser-MBE/MBE techniques allow us to easily and precisely grow (R, 
A)MnO3 layer by layer, so an arbitrary n layers (R, A)MnO3 materials can be created. Further, 
the interlayer coupling will disappear in an ultrathin film. As a result, artificial ultrathin film, 
which allows us to investigate the evolution of properties with gradual change of thickness 
one unit cell (u.c.) by one unit cell., provides us with a great opportunity to look into the 
dimensionality effect. 
 It is supposed to obtain a sole dimensionality effect in artificial thin film, but the 
presence of the substrate will introduce such as strain, interface coupling and interface 
disorder, etc.. It is unfortunate that we cannot get rid of the substrate, but it could be a good 
opportunity in another way allowing us to investigate how the low dimensional materials 
response to the external stimulus such as interface coupling, defect and strain. 
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 In this chapter, we use La2/3Sr1/3MnO3 (LSMO) ultrathin film to illustrate the 
dimensionality and the stoichiometry effect. 33% doping LSMO is most itinerant 
ferromagnetic metal with the highest curie temperature of ~370 K [119] among manganites. 
LSMO has nominal 100% spin polarized electrons [121], so it is extensively used for 
spintronics devices [122-124]. However, the electronic and magnetic properties of LSMO 
will be greatly degraded when its thickness is down to several nanometers. The critical 
thickness where the properties of LSMO are deteriorated [39, 40, 125-130] is called dead 
layer. The dead layer will depolarize the spin current at the interface of magnetic tunnel 
junctions. The scalability of a spintronics device will also be limited, since a film thicker than 
dead layer must be used.  
 Although a great effort has been paid to understand the origin of the dead layer in LSMO 
thin film, its origin is still a unsolved mystery. According to the facts that the magnetic dead 
layer is thinner than electric dead layer and that magnetic moment of films with thickness less 
than electric dead layer is much smaller than the bulk, a phase separation has been proposed 
to explain the electric dead layer [125]. However, the mechanism of the suppressed 
ferromagnetism is still unknown. Interface induced modification of orbital has been proposed 
to be the cause of dead layer [129, 130]. Both Tebano et al. [129] and Lepetit et al.[130] 
suggested that the occupation of 3𝑧2 − 𝑟2  against 𝑥2 − 𝑦2 orbital at interface/surface 
according to the measurement of linear dichroism of the X-ray absorption spectroscopy 
(LD-XAS) and related theoretical calculation, resulting in a C-type antiferromagnetic (C-AF) 
ordering phase which is insulating, causes the dead layer. However, Huijben et al., who 
reduced thickness of the electrical dead layer to 8 u.c., found that the preferential occupation 
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of the in-plane 𝑥2 − 𝑦2 orbital survives down to 5 u.c. [125]. They also concluded that there 
is no orbital reconstruction at interface for all layer thicknesses. This contradicted discovery 
makes the debate intense. What is more, there is no conclusion about the exact thickness of 
the electric dead layer. The thicknesses of electric dead layer on different substrates reported 
by different group are listed in Table 4-1. For the same substrate, for example, the SrTiO3, 
different thicknesses (4.0 nm [126], 3.1 nm [125], 2.7 nm [129]) of dead layer are reported. 
The reported thicknesses of dead layer on LaAlO3 substrate even have a big gap (5 nm [39] 
vs. 12 nm [129]). There must be some extrinsic ingredients causing the dead layer. They 
could be chemically or structurally altered film-substrate interface [126], surface roughness 
[40], oxygen deficiency [44, 45], surface Sr segregation [132], etc.. 
Table 4-1: Reported thicknesses of dead layer of LSMO grown on different substrates. ε ≡ 
(aSub-aLSMO)/aLSMO and aLSMO = 3.8804 Å [131]. The superscript NO. is the reference. 
Sub LaAlO3 NdGaO3 LSAT SrTiO3 MgO 
a(Å) 3.78 3.86 3.868 3.904 4.212 
ε -2.6% -0.5% -0.05% 0.6% 8.5% 
Thickness of 
Dead Layer 
12 nm
127
 
5 nm
39
 
3.0 nm
39
 
2.7 
nm
129
 
3.1 nm
128
 
4.0 nm
126
 
3.1 nm
125
 
2.7 nm
129
 
4 nm
40
 
 
Figure 4-2: Thickness of dead layer vs. lattice mismatch. The points with error bar used are 
according to the Ref. [129]. 
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 Using the thinnest dead layer in Table 4-1, the thickness of dead layer versus lattice 
mismatch is drawn in Figure 4-2. The dead layers on NdGaO3, (La0.18Sr0.82)(Al0.59Ta0.41)O3 
(LAST) and SrTiO3 have almost the same thickness, so it can be concluded that small lattice 
mismatch does not affect the thickness of dead layer a lot. Since the thinnest dead layers for 
NdGaO3 and SrTiO3 substrates from Ref. 129 have one u.c. error, we conservatively choose 
the up-limit and extrapolate that the reported thinnest dead layer is ~8 u.c. ( = 3.1 nm) at the 
low lattice mismatch region. However, the dead layer can be thinner, since some extrinsic 
effects induced additional thickness of dead layer may still exist in previous reported films. 
 To reveal the origin of dead layer, we need to exclude the extrinsic factors and find out 
the intrinsic dead layer or at least get close to it as much as we can. The discrepancy of the 
thickness of the dead layer may arise from different growth condition, typically the oxygen 
growth pressure [125, 126, 129]. The oxygen stoichiometry should be much more cared since 
tiny off-stoichiometry may cause big change of the properties of an ultrathin film. In this 
chapter, we try to reveal the optimal condition to minimize the oxygen off-stoichiometry to 
get closer to the intrinsic dead layer as well as the nature of the dead layer. Both the 
dimensionality and oxygen stoichiometry effect on the LSMO ultrathin films will be the main 
focus. 
4.2 Growth of La2/3Sr1/3MnO3 Ultrathin Film 
 The atomically flat (001) SrTiO3 (STO) substrates were used to epitaxially grow LSMO 
thin films. STO was first etched by buffer oxide HF solution for 30 s and then annealed at 
900 
o
C for 2 hours in oxygen flow. Atomically flat TiO2 termination surface was obtained. 
Detail of the substrate treatment can be found in Chapter 3.  
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 The LSMO thin films were epitaxially deposited on STO by using our Laser-MBE 
system from a stoichiometric La2/3Sr1/3MnO3 target. A KrF excimer laser (λ = 248 nm) at a 
repetition rate of 3 Hz and a laser fluence of ~2.3 J/cm
2
 was used. The spot size of the laser 
beam was ~ 0.021 cm
2
. During the growth, an Ozone gas atmosphere was employed. The 
Ozone source was created from a Azcozon HTU500-G2 OZONE GENERATOR. The Ozone 
output was 25 µg O3 per millilitre O2 (25 µg/mL). Ozone gas was injected into the growth 
chamber through a nozzle and the gas pressure in the chamber could be regulated with a leak 
valve. The substrates were maintained at a certain temperature during the growth. To obtain a 
layer-by-layer growth for all Ozone pressure (called growth pressure hereafter) ranging from 
10
-6
 Torr to 180 mTorr, an optimized growth temperature window was explored and it was 
found to be ~ 680 
o
C-720 
o
C. The RHEED oscillation could not sustain for too long time in 
the case of using higher temperature (800 
o
C for example). Lower temperature (500 
o
C for 
example) will favor 3 D growth and cause poor crystal quality. All the samples mentioned 
below were grown at 700 
o
C.  
 
Figure 4-3: RHEED diffraction pattern of SrTiO3 substrate (a) and LSMO thin film (b). (c) 
RHEED intensity monitored during growth at different Ozone pressure. 
 With the optimized growth condition mentioned above, an atomically smooth surface of 
LSMO was obtained. Figure 4-3 shows the 2D RHEED diffraction pattern for STO substrate 
and 60 u.c. thick LSMO thin film grown at 8 mTorr. The LSMO maintained 2D flat during 
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growth. A layer by layer growth mode was obtained for all growth pressure ranging from high 
vacuum of 10
-6
 Torr to high pressure of 180 mTorr as the RHEED intensity oscillation in 
Figure 4-3c showing. According to Figure 4-3c, higher growth pressure results in lower 
growth rate. The growth pressure of higher than 180 mTorr was also tried, but it was found to 
favor a 3D growth.  
 
Figure 4-4: STM image of the 10 u.c. LSMO thin film: (a) 2D contour image; (b) 3D image. 
 The surface morphology of the LSMO thin film was investigated by STM. To perform 
the STM scanning, a conductive 0.1wt% Nb doped SrTiO3 (NSTO) substrate rather than pure 
STO was used. Figure 4-4 shows the surface morphology of a 10 u.c. LSMO ultrathin film. 
Nice terrace with a width of about 50 nanometers is observed. A single step height of ~0.39 
nm can be found in our STM image, indicating a single termination surface.  
 
Figure 4-5: HRTEM image of LSMO (a) and LSMO/SrTiO3 interface (b). (c) FFT pattern of 
the (b) image. 
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 The microscopic structure was further investigated by TEM. Figure 4-5 shows the high 
resolution TEM image of the cross-section structure of LSMO and its interface with STO. 
The film was well crystalline and the LSMO/STO interface was very sharp. The fast Fourier 
transform (FFT) of the region around the interface doesn't show any obvious split of the 
peaks due to very small mismatch, indicating that the LSMO film was epitaxially grown. 
4.3 Thickness of Dead Layer  
 The properties of the LSMO thin films with thicknesses ranging from 2 u.c. to 120 u.c. 
were investigated. The transport properties of the LSMO thin films of different thicknesses 
and grown at different pressures are displayed in Figure 4-6. The transport properties 
strongly depend on the growth pressure and thickness. For a film grown at certain pressure, it 
will become less metallic with decreasing thickness. Below certain critical thickness (tc), 
LSMO becomes insulator. A cross-over metal-to-insulator transition with metallic ground 
state can be observed for the films with thickness bigger than tc. For example, the LSMO film 
grown at 1 µTorr has a critical thickness of 14 u.c. and the critical thickness for that grown at 
80 mTorr is 6 u.c.. The critical thickness decays with increasing growth pressure but stops at 
6 u.c. when the growth pressure is ≥ 80 mTorr. Higher Ozone growth pressure will enhance 
the conductivity and favor a metallic ground state. 
 The transport properties of 6 u.c. and 7 u.c. samples grown at different pressures are 
shown in Figure 4-7a and Figure 4-7b, respectively. For the 6 u.c. LSMO thin films grown 
at different pressures, all are insulating at low temperature but the resistivity dramatically 
decreases with increasing pressure. For the 7 u.c. samples, the ground state becomes metallic 
at a growth pressure of ≥ 80 mTorr. Higher Ozone pressure will oxidize the film more 
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completely, thus reduce the oxygen deficiency. It can be concluded that oxygen deficiency 
will drive the films to be more insulating. 
 
Figure 4-6: Temperature dependent resistivity for LSMO films with different thicknesses 
grown at (a) 1µTorr, (b) 8 mTorr, (c) 80 mTorr, (d) 130 mTorr, (e) 180 mTorr Ozone pressure. 
 
Figure 4-7: Effect of growth pressure on transport properties. Temperature dependent 
resistivity for 6 u.c. LSMO (a) and 7 u.c. LSMO (b) grown at different Ozone pressure. 
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Figure 4-8: (a) Metal-insulator transition temperature TP vs. thickness for films grown at 
different pressures, inset shows the definition of Tp. For insulating film, the TP is defined as 0. 
(b) The thickness of dead layer versus growth pressure 
 The bulk LSMO is ferromagnetic metal below the curie temperature of ~370 K and 
above the 370 K, it is paramagnetic poor metal. The properties of ultrathin film may deviate 
from the bulk that the film exhibits a lower transition temperature than the bulk [125] with 
transition temperature strongly depending on the growth condition. Both the 
off-stoichiometry and reduced thickness will reduce the transition temperature (TP) as shown 
in Figure 4-8. For all specific growth pressure, the TP will saturate at a thick enough thin film. 
A critical Ozone pressure is required to push the saturated TP value to close to that of the bulk. 
With using our growth condition, a 80 mTorr Ozone pressure is enough to make a thick film 
behave like the bulk LSMO. In the case of using relatively low growth pressure, for example 
8 mTorr, the 120 u.c. thick film which can be considered to be a bulk, has a TP (295 K) much 
lower than that of the bulk. Lower TP should result from oxygen deficiency. The thickest 
insulating film is generally called as electronic dead layer. The thicknesses of dead layers for 
the films grown at 1 µTorr and 8 mTorr are 14 u.c. and 8 u.c. respectively. With increasing the 
growth pressure to be ≥ 80 mTorr, the thickness of dead layer decays to a minimum value of 
6 u.c. Although we cannot guarantee that there is no oxygen deficiency in our LSMO samples 
of our highest growth pressure of 180 mTorr, but the trend from Figure 4-8b could enable us 
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to extrapolate that the 6 u.c. is true critical thickness for the onset of metallic ground state for 
a stoichiometric film. Actually, the resistivity for the thicker samples grown at ≥ 80 mTorr is 
quite close to or already equal that of the bulk. For example, the 60 u.c. LSMO grown at 130 
mTorr has a resistivity of 100 µΩ·cm at 2 K, which is equal to that of bulk [119]. Based on 
these facts, The contribution of increasing thickness of the dead layer due to oxygen 
deficiency could be excluded from our films grown at high Ozone pressure such as 180 
mTorr.  
 
Figure 4-9: Evolution of thermal activation energy (ΔE) vs. thickness. (a) Resistivity vs. 
temperature curves for insulating film grown at 130 mTorr plotted in Ln[ρ]-1000/T scale. The 
temperature range used here is from 77 K to 350 K. (b) Definition of the Low T and High T 
range for a film with a insulator-insulator transition. A 5 u.c. film grown at 130 mTorr is used 
as an example. ΔE vs. thickness for LSMO thin films at (c) 80mTorr, (d) 130 mTorr, (e) 180 
mTorr. (f) ΔE at low-T range vs. growth pressure for different thickness. 
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 Dimensionality driven metal to insulator transition seems to be a cross-over like. The 
thermal activation energy (ΔE) obtained by fitting with Arrhenius equation (ρ = ρ0 e
ΔE/KT
) for 
LSMO of different thickness grown at different pressure is shown in Figure 4-9. Since an 
insulator-insulator transition would occur for certain thickness of thin film at certain pressure, 
we separately fit the curve at low temperature (low-T) range and high temperature (high-T) 
range as an example in the Figure 4-9b showing. For the 80 mTorr growth pressure, the 
low-T ΔE starts to deviate from high-T ΔE at 5 u.c., indicating the presence of the 
insulator-to-insulator transition. The critical thickness for the occurrence of the 
insulator-to-insulator transition decreases with increasing growth Ozone pressure. If the 
growth pressure is 130 mTorr, the deviation starts at 4 u.c.. For 180 mTorr, it is suggested to 
start from 1 u.c. according to Figure 4-9e. As a result, the stoichiometric ultrathin insulating 
LSMO film on (001) SrTiO3 has an insulator-to-insulator transition down to 1 u.c.. The ΔE, 
no matter at low temperature range or high temperature range decreases with increasing 
thickness. However, the low-T ΔE gets very close to 0 at 6 u.c. thick LSMO, while the high-T 
ΔE still maintains a relative big value, indicating the ground state becomes less and less 
insulating with increasing thickness.  
 If we still use the Arrhenius equation to fit the temperature dependent resistive curve for 
metallic phase, we can obtain a negative thermal activation energy. The ΔE for 7 u.c. LSMO 
grown at 180 mTorr is ~ -6.77 meV. Figure 4-10 displays the ΔE vs. thickness for LSMO 
grown at 180 mTorr. The ~ 0 meV thermal activation energy in 6 u.c. LSMO suggests that 6 
u.c. is a cross-over transition thickness. Low-T ΔE gradually decreases to 0 with increasing 
thickness until 6 u.c. and after 6 u.c. the LSMO film becomes more and more metallic. 
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Figure 4-10: Low-T thermal activation energy (ΔE) versus thickness for LSMO films grown 
at 180 mTorr. 
 According to Figure 4-9f, it could be further concluded that the 6 u.c. could be the 
thinnest dead layer that we can approach. The ΔE of the 5 u.c. LSMO maintains a finite and 
relative big value. There is no trend for the ΔE of 5 u.c. LSMO to get close to 0 with 
increasing Ozone pressure. Although the film can become less insulating with less 
off-stoichiometry according to the trend as illustrated in Figure 4-9f, but there is no sign that 
the 6 u.c. thick film can become metallic. The ground state of the more stoichiometric 6 u.c. 
LSMO grown at 180 mTorr is still insulating, although it has a insulator-to-metal transition at 
244 K upon cooling (see Figure 4-7a). The perfect 6 u.c. LSMO film has few possibility to 
becomes metallic at low temperature. It can be concluded that the dead layer cannot be less 
than 5 u.c. and should be 6 u.c.. 
 We should notice that ultrathin film is more sensitive to oxygen deficiency than thicker 
film. This has been ignored before. A lot of films which have been investigated before have 
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been claimed to have correct stoichiometry but a systematical investigation of growth partial 
pressure was missed. It is hard to keep exactly same growth condition to grow LSMO layer 
by layer at different pressure, so the sole off-stoichiometry effect cannot be probed. The 
critical growth condition that we discovered enables us to clearly reveal the oxygen 
stoichiometry effect on ultrathin films. The evolution of thermal activation at different growth 
pressure does illustrate that very few oxygen vacancies can induce large thermal activation 
energy. It should be extremely careful of oxygen deficiency in ultrathin films. 
4.4 Singularity in Critical Thickness 
 In correlated electron materials, any perturbation will induce a big change especially 
when the materials are close to a critical region where the competing couplings between spin, 
lattice, charge and orbital are nearly even. The typical correlated LSMO is very sensitive to 
external magnetic field [119] as well as the oxygen deficiency [44, 45, 133] and 
dimensionality as discussed in section 4.3. The critical thickness of 6 u.c. which is the onset 
of metallic ground state should be located at a critical region with comparable co-existent 
competitions.  
 
Figure 4-11: (a) ρ vs. T for 5 u.c LSMO plotted in Log[ρ]-1/T scale.(b) ρ vs. T for 6 u.c. 
LSMO plotted in (b) ρ vs. 1/T scale and (c) Log[ρ]-1/T scale. 
 One of the singular behaviors of the 6 u.c. LSMO is revealed in Figure 4-11. The LSMO 
ultrathin films of thickness less than 6 u.c. obey the Arrhenius equation at low temperature 
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and so it is ρ = ρ0e
ΔE/KT
, hence the 5 u.c. or thinner LSMO films have an energy gap for the 
activation of carriers. Quite differently, resistivity for 6 u.c. LSMO is inversely proportional 
to temperature at low temperature, so ρ ∝ 1/T. It is still an insulator because of the fact that 
the resistivity will go to infinite value at 0 K. The carries in 6 u.c. LSMO cannot be 
characterized by simple energy gap theory. As shown in Figure 4-11c, the slop of curve 
monotonically decreases and approaches to 0 when T is close to 0 K, indicating that the 
thermal activation will become zero at 0 K. Such exotic transport properties suggest some 
critical behavior in 6 u.c. LSMO ultrathin film. Since ΔE/KT
0eρρ   , so, 
d(1/T)
lnρ
KΔE  , and 
if 
T
1
 Const , then we have KT
d(1/T)
lnρ
KΔE  . As a result, the ΔE = 0 when T = 0 K. 
On the other hand, if ΔE is extremely small and so is  
KT
E
, then we can get 1/T behavior too, 
since
KT
E
ρ eρ  0
ΔE/KT
0

  in this case. No matter what, the 1/T behavior should result from the 
zero thermal activation energy, further indicating that the 6 u.c. film is a critical thickness for 
the onset of metallic behavior.  
 
Figure 4-12: (a) Blow-up of the high temperature region of Figure 4-11(b). (b) ρ vs. T around 
105 K for 5, 6 and 7 u.c. LSMO grown at 130 mTorr. The resistivity is normalized to plot 
together for comparison. 
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 The singular behavior in 6 u.c. LSMO is further reflected from its unique response to 
substrate structure transition. If we take a close look near the region around 105 K as shown 
in Figure 4-12a, a kink appears at ~105 K besides a normal insulator to insulator transition at 
~ 201 K as discussed in 4.3. However, the evident kink at 105 K only shows up in 6 u.c. 
LSMO film as shown in Figure 4-12b. This kink should be directly related to the SrTiO3 
structure transition [134]. The SrTiO3 undergoes a structure transition from cubic to 
tetragonal phase at 105 K upon cooling down. A little change of the transition temperature at 
the surface may happen [135, 136]. The a-b plane lattice constant is reduced from 3.905 Å to 
3.894 Å during the transition. Since the surface of the (001) SrTiO3 at tetragonal phase 
maintains a 4 fold symmetry, same as the cubic phase, hence the symmetry of substrate 
surface doesn't change. Actually we could not observe any in-plane anisotropic behavior. The 
105 K kink should be related to the change of lattice constant. The transition from cubic 
phase to tetragonal phase reduces the lattice mismatch between LSMO and STO from 0.63% 
to 0.35%. Since the reduced tensile strain will reduce the resistivity of LSMO film [137], 
resistivity of LSMO film should decrease during the STO substrate transition under cooling 
down. The Figure 4-12b shows that the resistivity really decreases at the transition, further 
supporting that kink is cause by change of strain. It is surprising that only 0.3% change of 
lattice constant of STO substrate can cause an evident kink in 6 u.c. LSMO thin film. Further, 
the emergent kink only appears in 6 u.c. LSMO thin film. Such unique property in 6 u.c. 
implies that LSMO of critical thickness is very sensitive to external stimulus.  
 The evident kink at the 6 u.c. film is also very sensitive to the oxygen pressure during the 
growth of the film. As shown in Figure 4-13, the 6 u.c. LSMO grown at 8 mTorr and 80 
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mTorr don't show any evident signal of kink, but it appears at growth pressure of 130 mTorr 
and 180 mTorr. The kink in 180 mTorr grown sample is more pronounced than that in 130 
mTorr grown sample. Although 6 u.c. is also the critical thickness for the films grown at 80 
mTorr, but it doesn't show evident kink. It is concluded that introduction of oxygen vacancies 
will suppress the kink. In an another word, a perfect LSMO thin film without oxygen 
deficiency is more sensitive to strain. The resistive behavior of LSMO has been extensively 
investigated, but there are no reports on such kink at 105 K in the critical thickness. Figure 
4-13 strongly indicates that the kink at 105 K which has not been found is due to the 
off-stoichiometry although it is very small. 
 
Figure 4-13: The temperature dependent resistivity curve around 105 K for 6 u.c. LSMO 
grown at different pressure. The resistivity is normalized to plot together for comparison. 
 The kink is robust against the magnetic field. Figure 4-14 shows the transport properties 
under magnetic field. The field reduces the resistivity but the kink at ~105K sustains up at all 
magnetic field. For example, the 6 u.c. LSMO grown at 130 mTorr is insulating at zero field 
and it becomes metallic under 14 T magnetic field in the intermediate temperature range (130 
K - 275 K), but the kink can still be observed. The response of the stoichiometric 6 u.c. 
LSMO to substrate transition is not affected by the spin state of the LSMO.  
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Figure 4-14: Robust kind at ~ 105 K under magnetic field. (a)Temperature dependence of 
resistivity for 6 u.c. LSMO grown at 130 mTorr under various magnetic fields. (b) ZOOM-IN 
of the 105 K region. The resistivity is normalized to plot together for comparison. 
 
Figure 4-15: Temperature dependence of resistivity under various magnetic fields for (a) 7 u.c. 
(b) 5 u.c. (c) 4 u.c. LSMO grown at 130 mTorr. (d) MR ratio vs. temperature for films with 
different thickness. 
 Although the kink is not sensitive to the external magnetic field, the overall resistivity of 
the 6 u.c. film shows large field dependency, e.g., large MR effect. The stoichiometric 6 u.c. 
LSMO is more sensitive to magnetic field than other thickness of LSMO. Figure 4-15 plots 
the temperature dependent resistivity under various magnetic fields for LSMO with different 
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thickness. Colossal magnetoresistance (MR) is observed for all thin films but the MR ratio 
varies with different thickness. The MR ratio is defined by the followed formula  
%100
),(
),0(),(
),( 


TBR
TRTBR
TBMR  
 The MR ratio for different thickness is shown in Figure 4-15d. Interestingly, the 6 u.c. 
film has largest. The most insulating 3 u.c. LSMO has the smallest MR. The thicker one of 7 
u.c. which has ferromagnetic ground state has a smaller MR than the film of 6 u.c. Such as 
non monotonic MR effect with thickness indicates a critical behavior at 6 u.c. LSMO film. 
4.5 SrTiO3 Capping Effect 
 The [LSMOM/STON] superlattice exhibits distinct properties from single LSMO thin film 
on SrTiO3 [138-140]. Generally, the interlayer coupling in superlattice is proposed to be the 
main reason to tune the properties [138-140]. Recently, Bruno et al. found that the interfacial 
Mn and Ti atom can antiferromagnetically couple together, which enhances the interlayer 
coupling [140]. Such coupling is also found at LaMnO3/SrTiO3 interface [141]. For a single 
LSMO thin film, there is no interlayer coupling and generally the interface effect is thought 
to cause the dead layer. To further investigate how the LSMO/SrTiO3 interface and LSMO/air 
interface affect the transport properties of LSMO thin film, we in-situ subsequently deposited 
2 u.c. SrTiO3 on LSMO right after the growth of LSMO to make the LSMO sandwiched 
between two SrTiO3. The growth condition for SrTiO3 was same with that for LSMO and a 
layer by layer growth was obtained too. With SrTiO3/LSMO/SrTiO3 sandwiched structure, 
the top LSMO surface is not exposed to air/vacuum now instead facing with SrTiO3 thus 
creating two LSMO/SrTiO3 interfaces, enabling us to amplify effect from LSMO/SrTiO3 
interface.  
71 
 
Figure 4-16: Effect of capping 2 u.c. SrTiO3 on LSMO thin film. Temperature dependent 
resistivity for single LSMO thin film and LSMO capped with 2 u.c. STO (a) 3 u.c. LSMO; (b) 
5 u.c. LSMO, (c) 6 u.c. LSMO; (d) 7 u.c. LSMO, (e) 5.5 and 6.0 u.c. LSMO capped with 2 
u.c. STO. Growth pressure for (a-e) is 130 mTorr. (f) 6 u.c. LSMO grown at 80 mTorr. 
 The effect of capping 2 u.c. SrTiO3 is summarized in Figure 4-16. It has a very strong 
effect on the insulating films that makes them less insulating, but weakly affect the metallic 
film (see Figure 4-16(a-d)). Such effect can also be found in 6 u.c. LSMO grown at 80 mTorr. 
This result contradicts to some previous reports which claimed that the capping of STO has 
no effect [129,142]. Surprisingly, an insulating 6 u.c. LSMO becomes metallic after capping 
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2 u.c. STO. Actually, a 5.5 u.c. LSMO film can also be converted into metallic phase after 
capping. Although the 6 u.c. is the critical thickness for 80 mTorr growth pressure as well, but 
capping 2 u.c. STO cannot switch it into metallic state as shown in Figure 4-16f. This fact 
suggests that the sample grown at 80 mTorr still has certain amount of oxygen vacancies 
which interferes with the capping effect. 
 
Figure 4-17: Temperature dependent resistivity for LSMO films capped with 2 u.c. STO at 
region around 105 K. 
 
Figure 4-18: (a) Temperature dependent resistivity under various magnetic fields for 6 u.c. 
LSMO capped with 2 u.c. STO grown at 130 mTorr. (b) Zoom-in of 105 K region. The 
resistivity is normalized for convenient comparison. (c) MR ratio for 6 u.c LSMO thin film 
with and without capping STO. All the films were grown at 130 mTorr. 
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 The capping also affects the kink at 105 K. Figure 4-17 shows that capping STO makes 
the kink appear in 5 u.c. thin film. The kink at 6 u.c. LSMO capped by STO can still be 
observed, but suppressed. As mentioned above, the 6 u.c. LSMO capped with STO is metallic, 
so the kink is not strongly correlated to insulating state. The 7 u.c. capped with STO doesn't 
have evident kink.  
 Effect of capping STO on MR effect is displayed in Figure. 4-18a. Colossal negative 
MR effect can be still observed in 6 u.c. LSMO capped with 2 u.c. STO. The kink in SrTiO3 
capped LSMO thin film is robust against the magnetic field too (see Figure 4-18b). After 
capping SrTiO3, the MR decreases as comparing with the film without capping SrTiO3. Such 
reduced MR effect in STO capped LSMO may have some relation to the suppressed kink in 
STO capped LSMO. 
4.6 Surface Stoichiometry and Structure 
 
Figure 4-19: XPS of Mn2p core levels for LSMO thin films with different thicknesses grown 
at same pressure. 
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 There are several possible reasons which can change the properties of LSMO thin films. 
They are oxygen deficiency, strain, interface effect and Sr segregation. The intrinsic dead 
layer on (001) SrTiO3 should solely be caused the strain, interface coupling, and 
dimensionality. The Sr segregation and oxygen deficiency which vary the stoichiometry 
should be considered as extrinsic effect and should be eliminated. 
 By choosing more reactive Ozone gas of high enough pressure as growth atmosphere, the 
oxygen deficiency was minimized to a level that it didn't affect the intrinsic thickness of dead 
layer. The chemical stoichiometry was first characterized by XPS. Figure 4-19 displays the 
XPS data for LSMO thin films grown at different pressure. To avoid the charging, conductive 
Nb-doped STO substrates were used. For the LSMO thin films grown at same pressure, the 
shape and the peak position of Mn2p core level do not show evident difference, but the 
satellite peak in thicker films moves upward and saturates at certain thickness. Take the films 
grown at 80 mTorr for example, the main peaks of 2 u.c., 5 u.c., 15 u.c. and 30 u.c. thin films 
locate at the same position, but the satellite peak of thicker film moves to higher intensity. It 
saturates at the 15 u.c. and 30 u.c. thin films. This can also be found in 130 mTorr grown 
LSMO thin films. It is very clear that the 6 u.c. and 7 u.c. have exactly same shape of Mn2p 
peak. Their satellite peaks are above that of 3 u.c. film. The upturn of the satellite peak in 
thicker film possibly arises from its more metallic behavior. The metallicity will enhance the 
secondary electron scattering, so the background at high binding energy part will increase, 
resulting an upturn. However, this mechanism may not fully be accounted for the upturn, 
since the satellite peak position in thicker film shifts a little bit to higher energy. Other 
unknown effect may have an impact on the satellite peak. Regardless of the satellite peak, the 
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overlap of the main peak suggests that the thickness doesn't affect the stoichiometry within 
the probe precision of XPS. The XPS of same thickness but different growth pressure is 
shown in Figure 4-20. The Mn2p core levels of films with same thickness do not show 
difference. The films grown at different Ozone pressure show distinct properties, so the 
certain variation of stoichiometry should exist. The XPS results then indicates that the 
variation of the stoichiometry is too small to be detected by XPS within its resolution. 
 
Figure 4-20: XPS of Mn2p core levels for LSMO thin films of the same thickness grown at 
different Ozone pressures. 
 LEED appears to be a more powerful tool to detect such tiny difference. The LEED 
images of LSMO grown at different pressure are shown in Figure 4-21. The surface structure 
changes with different growth pressure. If the growth pressure is very low, for example, 10
-6
 
Torr, our results show that the surface of LSMO film has some incommensurate diffraction 
spots besides the integral spots. The intensity of the incommensurate spot is comparable with 
the integral spot. Such un-identified surface reconstruction is tentatively called α-structure for 
convenient description. With increasing Ozone growth pressure, the α-structure is suppressed 
and the surface is driven into 1x1 with certain amount of the √2×√2 domain. The surface 
LEED images taken at 70 eV of 6 u.c. and 7 u.c. LSMO grown at 130 mTorr display a more  
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Figure 4-21: (a-d) Surface LEED images of the LSMO films grown at different pressures. 
The white arrows in (a) and (d) indicates the incommensurate spot and (1/2,1/2), respectively. 
A surface reconstruction pattern based on the LEED pattern in (a) is schematically shown in 
(e). The un-identified diffraction spots are labeled with green spots. The red spots are the 1x1 
spots. Such surface is tentatively called α-structure. 
 
Figure 4-22: Surface LEED pattern of 6 u.c. and 7 u.c. LSMO films grown at 130 mTorr. 
clear √2×√2 reconstruction (see Figure 4-22). We also tested the sample of post-annealing at 
high Ozone pressure and found that the high Ozone pressure annealing can make the fraction 
spot of √2×√2 brighter and annealing in UHV can reduce the intensity of the fractional spot. 
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As a result, the √2×√2 should be oxygen abundant surface. Although we could not obtain 
exact same intensity of the fractional spot in √2×√2 surface LEED image of different batch of 
samples grown at same condition, but we didn't observe evident change of the transport 
properties. Since the post-annealing in Ozone will enhance the fractional spot of √2×√2 
surface and it is hard to maintain exactly the same growth condition such as same post 
treatment process, the change the domain area of the √2×√2 of films of different batches then 
can be due to a little vary of growth condition including post-treatment. The appearance of 
oxygen abundant surface suggests that our as-grown LSMO at above 130 mTorr is much 
more oxygen stoichiometric.  
 
Figure 4-23: (a) Ion scattering spectrum (ISS) of 2 u.c. LSMO sample grown at 80 mTorr. 
The red line is the ISS of Sr element. The incident ion beam is 2 keV Ne
+
. (b) ISS of 7 u.c. 
LSMO grown at 130 mTorr with using 1 keV Ne
+
. The Sr has a double scattering (DS) peak 
right at the single scattering (SS) peak. The ISS of 6 u.c., 15 u.c. sample and La2/3Sr1/3 (From 
(110) LSMO surface) reference spectrum with using (c) 1.2 keV Ne
+
 and (d) 1.2 keV He
+
. 
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 The surface Sr segregation is reported to be the another possible reason causing the dead 
layer [132]. To determine surface chemical composition of our LSMO thin film, low energy 
ion-scattering spectra (LE-ISS) of LSMO thin films was measured. The ISS only probes the 
chemical composition of topmost atomic layer. The ISS of 2 u.c. LSMO sample grown at 80 
mTorr is shown in Figure 4-23a. Comparing the spectrum with the Sr reference spectrum, it 
could be concluded that the topmost layer of 2 u.c. LSMO film is dominated by Sr without La 
or just with very few La, so do the 6 u.c., 7 u.c. and 15 u.c. LSMO samples as illustrated in 
Figure 4-23(b-c). The ISS with using He
+
 ion beam has also been checked. However, the 
peak of the La and Sr with using He
+
 is much closer than that with using Ne
+
 , so He
+
 ISS 
cannot distinguish the La and Sr very clearly as shown in Figure 4-23d. This is due to the 
light mass of He
+
 which has a relative low mass resolution. It is generally expected that the 
LSMO terminates with MnO2 at layer by layer grown mode with using TiO2 termination 
SrTiO3 (001) substrate. The appearance of the topmost SrO layer on MnO2 should result from 
the Sr segregation as reported by Herger et al. [132]. According to Ref. 132, the Sr 
segregation will occur for all kinds of thickness. Our ISS results show a same tendency for 
the Sr segregation behavior. Since the x=1/3 is the optimal doping level for La1-xSrxMnO3 and 
both the SrMnO3 and LaMnO3 are insulator, deviation of 1/3 doping level will weaken its 
metallicity at least at the surface. It then could be expected that the Sr segregation will 
suppress metallicity in the LSMO ultrathin film.  
 To understand the origin of the dead layer, we further used LEED-IV refinement to 
determine the surface structure and chemical composition. Conductive Nb-STO substrates 
were used for LEED experiment. After the growth of LSMO at optimized Ozone pressure 
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Figure 4-24: Evolution of the LEED-IV curves of LSMO films with 7 different thicknesses. 
The left top corner shows the diffraction beam. The corresponding thickness of the IV curves 
increases from bottom to the top for all panels. 
(≥ 80 mTorr), the film was in-situ transferred into LEED chamber and a LEED-IV was taken 
at room temperature at ultra high vacuum of pressure of ~ 4×10
-10
 Torr. The surface structure 
is p(1x1) as the LEED pattern illustrated. An evolution of the LEED-IV curves of different 
thickness will help us roughly know how the structure changes with thickness. The LEED-IV 
curves of 7 different thickness is shown in Figure 4-24. For the 1 u.c. LSMO ultrathin film, 
the substrate will contribute certain LEED intensity, so it is expected to have quite different 
LEED-IV curves from other thicker films. As a result, the LEED-IV curves of 1 u.c. LSMO 
film cannot be directly used to compare with other thicker films. In contrast to the 1 u.c. 
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sample, the 2 u.c. film with 4 monolayer of atoms is thick enough to completely dominate the 
LEED intensity. The LSMO films with thickness of bigger than 2 u.c. can be directly used for 
comparing structure and performing LEED-IV refinement. The LSMO films with thickness ≥ 
3 u.c. looks similar that they have same peak features but a little shift of the peak position. In 
contrast to the a dimensionality driven metal-to-insulator transition across 6 u.c. there is no 
strong surface structure change across the critical thickness of 6 u.c..   
 
Figure 4-25: The comparison between experimental LEED-IV curves and theoretical curves 
for 2 u.c. LSMO. 
 To know details of the structures and their evolutions with thickness, the LEED-IV 
structure refinements were performed. Results of structure refinement of 2 u.c. LSMO sample 
are shown in Figure 4-25. An outstanding Rp factor of 0.16 is obtained, indicating that the 
surface structure refinement is very reliable. Relative atomic positions of the refined surface 
structure is shown in Table 4-2 and structure model is shown in Figure 4-26. The LEED-IV 
refinement shows that the topmost atomic layer is SrO, which is consistent with the ISS result. 
Since LEED is not sensitive to the level of the underneath second (La, Sr)O layer, the exact 
La to Sr ratio at inner layer is unknown. All the atoms at top most layer move down 
especially the Sr which moves down by 0.2952 Å. The Mn in the topmost layer is not at the 
center of the unit cell, instead, it moves toward the surface. The out of plane lattice constant 
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(c) of topmost unit cell is compressed by 0.27 Å and the bottom unit cell is compressed by 
0.09 Å. The averaged lattice constant for 2 u.c. LSMO sample is ~ 3.7 Å. The LEED-IV 
refinement also indicates that there is no oxygen deficiency. 
Table 4-2: Relative atomic positions of the refined surface structure of 2 u.c. LSMO film on 
(001) SrTiO3.  
Layer Atom Bulk Position (Å) Surface Position (Å) ΔZ (Å) Error (Å) 
1 Sr 0.0000 0.2952 +0.2952 ±0.03 
1 O 0.0000 0.0685 +0.0685 ±0.03 
2 O 1.9467 2.0289 +0.0822 ±0.04 
2 O 1.9467 2.0289 +0.0822 ±0.04 
2 Mn 1.9467 1.9579 +0.0112 ±0.01 
3 La /Sr 3.8933 3.9232 +0.0299 ±0.04 
3 O 3.8933 3.9348 +0.0415 ±0.05 
4 O 5.8400 5.9313 +0.0913 ±0.12 
4 O 5.8400 5.9313 +0.0913 ±0.12 
4 Mn 5.8400 5.8269 -0.0131 ±0.01 
5 La / Sr 7.7867 7.7279 -0.0588 ±0.07 
5 O 7.7867 7.7336 -0.0531 ±0.27 
 
Figure 4-26: (a) Structure of 2 u.c. LSMO. (b) 3D structure model. 
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Table 4-3: Relative atomic positions of the refined surface structure of 6 u.c. and 10 u.c. 
LSMO film on (001) SrTiO3.  
Layer Atom 
Position (Bulk) 
(Å) 
Positions (6 u.c.) 
 (Å)  
Positions (10 u.c.) 
(Å)  
1 La / Sr 0.0000 0.5836 0.4041 
1 O 0.0000 0.1149 0.0955 
2 O 1.9467 2.2120 2.2415 
2 O 1.9467 2.2120 2.2415 
2 Mn 1.9467 2.0472 2.0067 
3 La /Sr 3.8933 3.7456 3.8835 
3 O 3.8933 3.9050 3.9593 
4 O 5.8400 5.8909 5.6348 
4 O 5.8400 5.8909 5.6348 
4 Mn 5.8400 5.7781 5.7984 
5 La / Sr 7.7867 7.5902 7.6912 
5 O 7.7867 7.7637 7.8046 
 The preliminary results of LEED-IV structure refinements of 6 u.c. and 10 u.c. thin films 
are shown in Table 4-3. The Rp for 6 u.c. and 10 u.c. are 0.3125 and 0.3155 respectively. 
According to the current results, both the surfaces of the 6 u.c. and 10 u.c. films terminate 
with SrO. For the 6 u.c. LSMO, the topmost surface unit cell is compressed by 0.73 Å which 
is much bigger than that (0.27 Å) of 2 u.c. film. The second unit cell is compressed by 0.05 Å, 
which is a little smaller than that (0.09 Å) in 2 u.c. For the 10 u.c. LSMO which has 
properties very close to the bulk, LEED-IV refinement shows that the topmost layer is 
compressed by 0.41 Å and the underneath second layer is compressed by 0.08 Å. From 2 u.c. 
to 10 u.c., both the top two layers are compressed. The fact that the top one is compressed a 
lot than the underneath second one could be due to the Sr segregation at the topmost surface 
and broken symmetry. The inner LSMO can have correct stoichiometry [132]. For such 
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ultrathin film, the inner LSMO part should be fully strained. As a result, the underneath 
vertically compressed layer is caused by the in-plane tensile strain. If keeping the volume of 
the strained LSMO film same with the bulk and the in-plane lattice constant same with the 
substrate, then the expected compressed value of c is 0.02 Å. Our LEED-IV refinement 
results show that the underneath layer is compressed in the same order of magnitude but a 
little bigger (for example, 0.05 Å for 6 u.c. LSMO) than the expected value.  
 LEED-IV evolution as shown in Figure 4-24 and structure refinement of 2 u.c., 6 u.c. 
and 10 u.c. indicate that the LSMO thin films of different thicknesses have similar surface 
structure and chemical composition. Since the LSMO part underneath the second layer will 
gradually affect the structure of the second layer, so such common surface structure will 
reflect the similar structure of underneath inner LSMO. 
4.7 Discussion 
 With these oxygen stoichiometric LSMO thin films, we can discuss the origin of the dead 
layer more clearly. First, let us take a look at the strain effect. The lattice mismatch between 
LSMO and STO is ~0.6% and it is tensile strain. The effect of the tensile strain can be 
reflected by the kink at 105 K. As shown in Figure 4-27, the structure of STO substrate at 
105 K during cooling reduces the resistivity no matter whether the film is metallic or 
insulating. The lattice mismatch below 105 K is ~0.35% which is ~50% smaller that above 
105 K, hence it is concluded that the tensile strain suppresses the conductivity. This could be 
the most reliable conclusion about strain effect so far since nothing else changes. The strain 
effect is generally extrapolated by comparing properties of LSMO films on different 
substrates with different lattice mismatch. However, the growth of LSMO itself on different 
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substrates will introduce some extrinsic effects. As a result some other extrinsic effects will 
change the properties of LSMO besides the strain, thus pure strain effect cannot be obtained. 
We really don't know how the properties of a stoichiometric film changes if the strain goes to 
zero. According to Table 4-1 and Figure 4-2, it seems like that the ±0.6% strain effect no 
matter tensile or compressed doesn't affect the thickness of dead layer beyond 1 u.c. The 
substrate structure transition can induce a insulator to metal transition upon cooling as shown 
in Figure 4-16e and Figure 4-17b, but later it reenters insulating phase again. The insulating 
ground state is robust in 6 u.c. stoichiometric LSMO thin film. Based on these discussions, 
the dead layer for a film without any strain is expected be ≥5 u.c and is quite possibly equal 
to 6 u.c..  
 
Figure 4-27: Effect of substrate transition on the transport properties. Temperature dependent 
resistivity under various magnetic field for (a) 6 u.c. LSMO (b) 6 u.c. LSMO capped with 2 
u.c. STO. The films were grown at 130 mTorr. The red dash lines are tangent lines at the kink 
from left and from right. The resistivity is normalized for comparison. 
 The LSMO/STO interface affects the LSMO film properties by reducing the thickness of 
the dead layer. The STO/LSMO/STO has a dead layer of 5 u.c.. The STO/LSMO/STO with 
LSMO of 7 u.c. thick shows very small difference from 7 u.c. LSMO on STO. Due to the fact 
that the 10 u.c. LSMO also has small difference from 7 u.c. LSMO (see Figure 4-6), 
therefore, it can be expected that the capping of 2 u.c. STO on 7 u.c. LSMO should not give 
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rise to big change. The capping effect on 7 u.c. LSMO also indicates that the metallicity of 
the 7 u.c. LSMO is intrinsic rather than caused by interface coupling at that occurs in STO 
capped 6 u.c. LSMO. 
 Orbital reconstruction is another possible reason. It was proposed by Tebano et al. [129] 
that the broken symmetry at the interface which results in a preferential occupation of 3z
2
-r
2
 
orbital against the in-plane x
2
-y
2
 orbital causes the dead layer. The absence of x
2
-y
2
 orbital 
suppresses the double exchange and occupation of 3z
2
-r
2
 orbital leads to C-type 
antiferromagnetic insulator. This scenario of orbital reconstruction near the interface is 
supported by linear dichroism in X-ray absorption spectrum (LD-XAS). Similar conclusion is 
made by Lepetit et al. [130] but the explanation is different. Lepetit et al. measured the lattice 
constant of <c> of films of different thickness and found that the <c> monotonically 
increases with decreasing thickness. Down to 3 u.c., the c/a is bigger than 1 and then the 
occupation of 3z
2
-r
2
 orbital dominates. Thicker than 3 u.c., the film gradually relaxes. The 
evolution of the c parameter is thought to arise from interface through-bridge delocalization 
mechanism [130] that 3z
2
-r
2
 orbital orientation in Mn at interface will lead to larger transfer 
integral between Mn and Ti atoms. However, this model contradicts to the argument in Ref. 
[129] where they found that the interface doesn't affect the properties. Our result also strongly 
suggests that the interface plays minus role in adding the dead layer, instead, the interface 
tries to reduce the thickness of the dead layer. Even the model of orbital reconstruction driven 
by broken symmetry could be denounced. Some contradicted experimental discoveries of the 
orbital reconstruction are reported by Huijben et al.[125]. They also used LD-XAS 
measurement like what Tebano et al. did to detect the 3z
2
-r
2
 and x
2
-y
2 
orbital, but they found 
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that the x
2
-y
2
 orbital
 
is preferred in all layer thickness and no orbital reconstruction happens at 
interface. In the case of our 2 u.c. thin film, the average <c> is about ~3.7 Å, so the c/a = 0.94, 
as a result, the eg electron will prefer x
2
-y
2
 orbital rather than 3z
2
-r
2
 orbital which is consistent 
with the observation reported by Huijben et al. [125] as mentioned above. Our LEED-IV 
refinements also show that the thick films (6 u.c. and 10 u.c.) are compressed too and so c/a is 
smaller than 1, as a result the 3z
2
-r
2
 orbital ordering won't occur. It is then concluded that the 
3z
2
-r
2
 orbital ordering is not the reason that causes dead layer in our LSMO thin films. 
 The origin of the dead layer then puzzles us more due to these contradicted experimental 
results. The contradiction may arise from the existence of extrinsic effects, for example, the 
non-stoichiometry. The films which Tebano et al.[129] and Lepetit et al. [130] used to 
illustrate the origin of dead layer were grown at ~1 mTorr Ozone and ~0.3 mTorr oxygen, 
respectively. A much higher pressure of 200 mTorr was used by Huijiben et al. [125]. All the 
films were expected to be stoichiometric, but the claim of correct stoichiometry should be 
much more careful according to our results. Very few oxygen deficiency can increase the 
thickness of the dead layer, so some extrinsic signal caused by oxygen deficiency, especially 
in the ultrathin film which is much more sensitive to oxygen deficiency than the bulk, is 
detected. Effect of a considerable oxygen vacancy concentration has be investigated before 
[44, 45, 133]. Oxygen vacancies will reduce the curie temperature and the conductivity. With 
reducing the amount of oxygen vacancies, the dead layer is reduced from 14 u.c. to 8 u.c. and 
finally to stop at 6 u.c. as demonstrated in our experiments. The reported dead layer (see 
Table 4-1) of thicker than 6 u.c. should still a relative considerable amount of oxygen 
vacancies. It is reported that the c value of LSMO thin film becomes bigger and bigger due to 
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the increasing oxygen vacancies no matter it is under tensile or compressive strain (see 
Figure 4-28 from Ref. [133]). Since the in-plane a and b lattice constant will be locked to 
substrate in ultrathin film [143], the elongation of the c due to oxygen deficiency then will 
lower down the energy level of 3z
2
-r
2
 orbital and result in increased occupation of 3z
2
-r
2
 
orbital, thus an oxygen deficiency induced orbital reconstruction is probed. LSMO grown by 
Huijben et al. at 200 mTorr oxygen pressure should have less deficiency and so the 3z
2
-r
2
 
orbital reconstruction doesn't occur. Besides the effect on the structure, oxygen vacancies can 
directly affect the double exchange which need oxygen to bridge the Mn. As a result, oxygen 
vacancies induced insulating region may coexist with metallic region, creating a phase 
separation [45]. With oxygen vacancy concentration reduced to certain value, the stretch of 
the out of plane lattice constant can be eliminated, thus the orbital reconstruction disappears. 
However, the residual vacancies still have negative effect on LSMO's properties. It thus can 
be concluded that the some contradicted discoveries arise from oxygen vacancies. 
 
Figure 4-28: XRD patterns of La0.67Sr0.33MnO3-δ on (a) (001) SrTiO3 and (b) (110) NGO. The 
LSMO 004 (peak) which is the (220) peak when (110) NGO is used as substrate shifts to the 
left with increasing δ, so the c value becomes bigger with increasing oxygen deficiency. 
Figure adapted from [133]. 
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Figure 4-29: Chemical composition depth profile for different thickness of LSMO calculated 
by Herger et al.. Figure adapted from [132]. 
 Another non-stoichiometry effect of Sr segregation has to be considered. As our ISS 
spectrum and LEED-IV refinement indicating, all the films of different thicknesses have 
surface Sr segregation that the topmost layer is dominated by SrO. According to Ref. 132, the 
Sr will be rich in both the surface and LSMO/STO interface. Our LEED-IV refinement 
suggests that the topmost atomic layer of 2 u.c. LSMO is SrO. In this case, even the second 
(La, Sr)O is LaO without any Sr, it still cannot account for the mol ratio of La to Sr of 2:1 in 
LSMO. As a result, some La atoms should diffuse into STO part. The interface diffusion and 
surface segregation both cause the doping level to be changed. In this situation, only inner 
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part of the film can have correct doping level at a thick enough film as Figure 4-29 showing 
[132]. According to Figure 4-29, their 6 u.c. film starts to have correct La and Sr 
stoichiometry in their ~ 3 u.c. thick inner part. However, the dead layer of the LSMO films at 
their growth condition is at least 9 u.c. [132]. It should be noticed that the oxygen growth 
partial pressure which they used was 10
-4
 Torr. We also expects to have a electric dead layer 
of ~ 9 u.c. at that growth pressure according to our phase diagram as shown Figure 4-8. The  
dead layer with thickness bigger than 6 u.c. should be caused by the oxygen deficiency. The 
elongation of the out of plane lattice constant of their films then may be due to the oxygen 
deficiency as discussed above. Since the inner past has a correct stoichiometry, the Sr 
segregation cannot fully account for the dead layer.  
 Back to our films, we also have surface Sr segregation but at the same time a much 
correct oxygen stoichiometry. Removing the layers which are rich of Sr due to Sr segregation, 
considering all the effects from substrate and according to the previous reports, the residual 
dead layer without oxygen vacancies, strain and interface coupling, is estimated to be ~3 u.c., 
which then will be assigned to dimensionality effect as that occurring in SrVO3 and LaNiO3 
thin films which are discussed in Chapter 1. The (La, Sr)n+1MnnO3n+1 could be a referred 
system to illustrate the dimensionality effect. The fact that double layer La1.2Sr1.8Mn2O7 has a 
curie temperature of ~100 K much lower than that of the 3D La0.6Sr0.4MnO3 of ~ 350 K 
implies that reduced dimensionality drives the film to be more insulating and non-magnetic. 
The LSMO thin film could be a similar case with the multilayer (La, Sr)n+1MnnO3n+1 that it 
has a inner part with a correct stoichiometry sandwiched between two insulator layers (Top 
most layer and interface). The inner part can be driven into insulating phase due to reduced 
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dimensionality. Different from (La, Sr)n+1MnnO3n+1 where small interlayer coupling still exist, 
the spatial confinement LSMO ultrathin film doesn't have interlayer coupling, so the n layer 
LSMO ultrathin film could be more insulating than n layer LSMO in (La, Sr)n+1MnnO3n+1. 
 The reduced dimensionality effect and the intrinsic double exchange coupling between 
neighbor Mn will compete. As discussed in 4.3, the dimensionality driven metal-to-insulator 
transition seems much like a cross-over transition with 6 u.c. as its critical thickness. With 
decreasing the thickness, the strength of coupling responsible for the dead layer becomes 
stronger and exceeds the double exchange coupling below certain thickness, resulting in the a 
dimensionality metal-to-insulator transition. Such scenario is further supported by the fact 
that the thermal activation energy increases with decreasing thickness. The competing effect 
could be found in Figure 4-30. The 6 u.c. LSMO film grown at 180 mTorr has two 
transitions besides the kink at 105 K. It is insulating above TC2. The film becomes metallic 
below TC2, but reenters insulating ground state at TC1. TC2 increases with magnetic field while 
the TC1 does a reverse way. The 6 u.c. LSMO grown at 130 mTorr doesn't exhibit an evident 
metal-to-insulator transition at TC2 at zero field, but it emerges again with applying magnetic 
field. The presence of oxygen vacancies smears the metal-to-insulator transition. For the 
metallic ground state, a small upturn of the resistivity at low temperature still can be observed 
as shown in Figure 4-30(c-d). The TC2 as a signature of inherent properties of LSMO as 
mentioned before is related to paramagnetic poor metal/insulator to ferromagnetic metal 
transition. It goes higher under magnetic field due to the coupling between metallicity and 
ferromagnetism. The TC1, signature of emergent dimensionality effect, is reduced by 
magnetic field due to the enhanced magnetism under magnetic field. 
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Figure 4-30: Two transitions in LSMO films with and without capping 2 u.c. STO and change 
of their Tc under field. 
 The singularity in 6 u.c. thin film could be explained by the two competing coupling as 
mentioned above. The thermal activation energy at 6 u.c. thin film is very close to zero. As a 
result, 6 u.c. is the critical thickness that the dimensionality effect completes with double 
exchange coupling at a nearly balanced point. The 1/T resistivity behavior results from this 
balance. A little change of the thickness breaks the balance, thus switches the film to metallic 
(thicker film) / insulating (thinner film) phase. The film at such critical status is very sensitive 
to external stimulus. Although the lattice constant of STO substrate is changes only by 0.2% 
during the structure transition at 105 K, but its effect can emerge in LSMO of this critical 
thickness. The missing of signal of substrate transition in other thicknesses could be due to 
the their bluntness to external stimulus. For example, the MR at 6 u.c. critical thickness is 10 
times bigger than other thickness of films.  
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Figure 4-31: A comparison between the effect of capping 2 u.c. STO and magnetic field. 
Temperature dependent resistivity curves for single LSMO film, LSMO capped by 2 u.c. 
STO film, and single LSMO film under 14 T magnetic field are shown in blue line, red line 
and black line, respectively. 
 As we know, the magnetic dead layer is thinner than electronic dead layer [125], that is, 
the ferromagnetic state exists in insulating film of LSMO. However, the ferromagnetism in 
electronics dead layer is much weaker than the bulk according to all the reports by different 
groups on LSMO ultrathin films [125, 127, 128]. A phase separation with ferromagnetic 
domain coexisting with non-magnetic domain is proposed to explain this phenomenon [125]. 
Spontaneous electronic phase separation is thought to arise from coexisting competing 
coupling. In complex metal oxides of bulk form, simultaneously active but close strength of 
couplings among spin, lattice, charge and orbital are thought to be the main reason causing 
the phase separation. When the complex metal oxide becomes smaller, the dimensionality, 
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another degree of freedom, then participates in these couplings, thus driving the ultrathin film 
to reenter a phase separation scenario. The thickness dependent MR effect as discussed in 
section 4.4 further supports the phase separation scenario.  
 
Figure 4-32: (a) Structure model of STO/LSMO/STO; (b) Schematic diagram of interface 
coupling and spin configuration [140]. 
 A comparison between magnetic field effect and capping STO effect may help us 
understand the role of STO/LSMO interface. The capping effect has a very similar effect to 
applying magnetic field like 14 T strong magnetic field (see Figure 4-31). It could be 
extrapolated that the STO tries to align the spin of LSMO. In 2011, Bruno et al. discovered 
the interface antiferromagnetic coupling between interfacial Mn and Ti atoms in 
(LSMOM/STO2) superlattice [140]. The interface coupling can also be found when STO is 
thicker than 2 u.c.. A superlattice structure is not essential for occurrence of interface 
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coupling [140]. The enhanced conductivity in our STO/LSMO/STO further supports this 
issue. Figure 4-32a shows the 3D structure model of STO/LSMO/STO and the interface spin 
alignment is shown in Figure 4-32b. The interface antiferromagnetic coupling between Mn 
and Ti through the shared oxygen between makes the spin of Mn in LSMO layer parallel to 
each other, similar to strong magnetic field, drives the LSMO to be more metallic. According 
to the fact that capping STO has stronger effect on LSMO than applying 14 T magnetic field 
in the 3 u.c. LSMO, the interface coupling should be very strong.  
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Chapter 5 Controllable Properties in Artificial Columnar Nanocomposite 
5.1 Introduction and Motivation 
 Epitaxial thin films on a substrate generally can be categorized into horizontal structure 
(e.g., multilayer) and vertical nanocomposite as shown in Figure 5-1. The horizontal 
structure such as layer by layer epitaxial films and heterostructure has been highly focused on 
in past decades due to their novel properties especially the unexpected interface properties 
[24]. However, the nanocomposite [144], by assembling different nanostructures to 
composite form and providing a new avenue to develop new controllable functionality, has 
drawn a lot of interest recently. It is found that not only the multifunctionality can be realized 
but also the enhancement of single functionality can be obtained in a nanocomposite 
[145-149]. For example, multiferroic functionality can be created by embedding CoFe2O4 
nanopillars into BaTiO3 matrix [146]. The First vertical nanocomposite was realized in 
La0.67Ca0.33MnO3-MgO [150] where properties of La0.67Ca0.33MnO3 can be controlled by 
tensile strain induced by MgO.  
 
Figure 5-1: Schematic model of horizontal structure (left) and vertical structure (right) 
 The nanoscale inhomogeneity ranging from chemical disorder to spontaneous electronic 
phase separation has been proved to have strong effect on physics properties [151, 152]. 
Figure 5-2a displays an electronic phase separation with co-existence of ferromagnetic and 
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anti-ferromagnetic phase in a correlated material. The chemical phase nanoscale 
inhomogeneity is also great signature of nanocomposite as the Figure 5-2b showing, so we 
would expect some emergent properties in a nanocomposite. With respect to transport 
property in an inhomogeneous system, the percolation as that discussed in many correlated 
electron materials [151, 152] could be one of the central characteristics of a nanocomposite. 
The relative ratio between different phase determines the specific percolation situation and 
then affects overall transport property. The nanocomposite enables us to tune the percolation 
network in another way. Since phase ratio can be artificially controlled by tuning growth 
parameter and condition, we could expect a controllable transport property. Furthermore, the 
out-of-plane strain and interface induced novel properties will have unexpected effect on 
in-plane transport properties which will be quite different from the in-plane strain and 
interface effect as discussed in Ref. 144.  
 
Figure 5-2: (a) Typical picture of electronic phase separation induced inhomogeneity. Figure 
adapted from [9]. (b) Chemical phase separation in inhomogeneous nanocomposite system. 
 Strain in a nanocomposite will be more profound. In a horizontal thin film, strain has 
been proved to dramatically change the properties of a thin film. However, the in-plane strain 
effect can only lock the lattice parameter to substrate only in a limited thickness, generally on 
97 
the order of a few nanometers and then quickly relax. In contrast, the vertical strain effect 
could affect across the whole thin film. The profound vertical strain effect is reported in 
La0.7Ca0.3MnO3-MgO [150] and BiFeO3-Sm2O3. [153] 
 In this chapter, we introduce a method of alternate deposition to grow nanocomposite and 
used two raw materials of V2O3 and La2/3Sr1/3MnO3 (LSMO) to demonstrate a nanocomposite 
with structure and properties controlled by tuning the deposition time ratio. 
5.2 Basic Properties of the Raw V2O3 and La2/3Sr1/3MnO3 Thin Films 
Table 5-1: Lattice constant of LSMO, V2O3 and LaAlO3 and their lattice mismatch 
 
La2/3Sr1/3MnO3 LaAlO3 Mismatch 
a(Å) 5.505 5.357 2.6% 
b(Å) 5.502 5.357 2.6% 
c(Å) 13.34 13.086 2% 
 
La2/3Sr1/3MnO3 V2O3 Mismatch 
a(Å) 5.505 4.9 11% 
b(Å) 5.505 4.9 11% 
c(Å) 13.14 13.96 4% 
 Both the LSMO and V2O3 are rhombohedral structure and their lattice constants are 
shown in Table 5-1. (111) LaAlO3 (LAO) substrates were used for epitaxial growth. LSMO 
has very small lattice mismatch with LAO substrate (2%). The lattice mismatch between 
V2O3 and LSMO is very large (11% in a-b plane). The V2O3 also has big lattice mismatch 
with LAO (8% in a-b plane). Such lattices mismatch configuration will result in a 
nanocomposite when growing V2O3 and LSMO together on LAO with alternate deposition 
method as described in the next section. Here, we would like to introduce the properties of 
raw V2O3 and LSMO thin films first. 
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 LSMO and V2O3 thin films were grown via pulsed laser deposition (PLD) on (111) LAO 
substrates at the same condition. The Ozone ambient during deposition was 1.3×10
-7
 Torr. 
The as-received LAO substrates were directly used for epitaxial growth without any 
pre-treatment. The substrate temperature was maintained at 600 
o
C. A KrF excimer laser (λ = 
248 nm) was used for growing at a repetition rate of 3 Hz. Under this condition, both the 
growth modes of V2O3 and LSMO are 3D. The deposition fluxed was calibrated by TEM. 
The average deposition fluxes for LSMO and V2O3 are 2 Å/min and 1.3 Å/min respectively .  
 
Figure 5-3: (a) XRD pattern of V2O3 thin film. (b) TEM image of the cross-section of V2O3 
thin film and (c) High resolution STEM image of LaAlO3/V2O3 interface. (d) Temperature 
dependence of resistivity of V2O3 thin films with different thicknesses and (e) plotted in Ln(R) 
Vs.1000/T scale. 
 Bulk V2O3 is a prototype Mott insulator. During cooling down, V2O3 undergoes a 
transition from rhombohedral paramagnetic metal to monoclinic antiferromagnetic insulator 
at the transition temperature of 160 K, with a jump in resistivity of about seven orders of 
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magnitude. However, the thin film of V2O3 on (111) LAO shows a different transition 
behavior. The structure and transport property of V2O3 thin film on LAO are shown in Figure 
5-3. The X-ray diffraction pattern of V2O3 thin film indicates that the growth direction is 
[0001] and high resolution image indicates that the film is well crystalline. The film 
undergoes a semiconductor to semiconductor ―transition‖ from thermal activation of ~ 66 
meV to ~ 88 meV during cooling down as shown in Figure 5-3e. The films with different 
thicknesses exhibit similar transport properties. In contrast to sharp transition the bulk, the 
broad transition region may be due to the strain and oxygen deficiency.  
 
Figure 5-4: (a) Temperature dependence of resistivity for 3D growth LSMO thin films with 
different thicknesses. (b) Effect of growth modes on transport properties of LSMO thin films. 
 The transport properties of LSMO thin films on (111) LAO substrate are shown in 
Figure 5-4. The cross-over metal to insulator transition temperature TC is strongly dependent 
on the thickness of LSMO. The 2.4 nm thick LSMO film is insulator. The 8.0 nm thick film 
has a cross-over metal-to-insulator transition with TP of 165 K. The TP is promoted to 350 K 
when the thickness increases to 46 nm. The insulating behavior and lower TP than bulk 
should be caused by the strain, oxygen deficiency and existence of dead layers as discussion 
the Chapter 4. Furthermore, the disorder can suppress the metallicity of LSMO thin film. By 
using a 2D flat LAO substrate which had been annealed at 900 
o
C for 2 hours in oxygen flow 
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before growing, a 2D growth of LSMO was obtained. The 5 nm thick LSMO thin film with 
2D growth on 2D flat LAO substrate has a higher TP than that of the 8 nm thick LSMO with 
3D growth (see Figure 5-4b)  
 
Figure 5-5: Magnetoresistance effect in (a) 2.4 nm LSMO; (b) 32 nm V2O3. 
 The magnetoresistance (MR) effects in LSMO and V2O3 thin films are shown in Figure 
5-5. Very weak or almost no MR is observed in the V2O3 thin film while the LSMO of 2.4 nm 
exhibits large negative MR effect at low temperature range. LSMO and V2O3 thin films 
exhibit dramatically different transport properties. 
5.3 Growth and Structure of V2O3-La2/3Sr1/3MnO3 Columnar Nanocomposite  
 Self-assemble effect is broadly employed to synthesize the oxide nanocomposite [144]. A 
major challenge is how to control a self-assembled nanocomposite thin film to tailor 
properties. Traditionally, the nanocomposite is grown via mixed target growth where two 
materials are uniformly mixed together in certain chemical ratio and pressed into one target, 
and then the chemical ratio can only be tuned via making a new target [144-148]. Another 
possible way is to grow a nanocomposite film by depositing such as two different metal 
oxides together alternately with each for specific time. In general, such alternate deposition 
will result in a horizontal layer structure when the deposited materials and substrate have a 
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small lattice mismatch between each other, and a large lattice mismatch may favor a 
formation of a self-assembled nanocomposite as that occurring in mixed target growth 
[144-148]. If the alternate deposition can give rise to a nanocomposite by exploiting the 
lattice mismatch, the chemical ratio and structure then could be easily tuned by controlling 
the deposition time ratio. As a result, an artificially tailored nanocomposite with desired 
properties can be achieved in a more flexible way. 
 
Figure 5-6: (a) Scheme of growth of nanocomposite with alternate deposition method. (b) 
Structure models of the LSMO and V2O3 and (111) LaAlO3 substrate 
 We have grown V2O3 and LSMO together via alternate deposition with using PLD in 
order to get a nanocomposite and explore the in-plane transport properties. The schematic 
alternate deposition method is shown in Figure 5-6a. Two targets of single raw materials are 
used and they are alternately deposited on a substrate with each one grown for specific time 
individually. Such alternate deposition could end up with a nanocomposite rather than a 
multilayer superlattice due to strain and self-assemble effect. Both the LSMO and V2O3 in the 
bulk have rhombohedral structure and their structure models are shown in Figure 5-6b. As 
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shown in Table 5-1, LSMO has very small lattice mismatch with LAO substrate (2%), while 
the V2O3 has large lattice mismatch in a-b plane with both the LSMO (11%) and LAO (8%). 
 V2O3-LSMO nanocomposite was grown via depositing V2O3 and LSMO alternately from 
their single phase targets. V2O3 and LSMO were deposited alternately for specific time with 
LSMO grown first and the deposition sequence was [(V2O3)t1/(LSMO)t2)]n/LAO. Here t1 and 
t2 (in unit of minute) were individual deposition time of V2O3 and LSMO in one cycle 
respectively. The total time (t1+t2) × n was about 80 min. For convenient, the nanocomposite 
is labeled with t1/t2 which is defined as   t1/t2 hereafter.  
 
Figure 5-7: RHEED pattern (a) of LAO substrate; (b) after growing LSMO for 22 min on 
LAO; (c) after growing V2O3 for 24 min on LAO; (d) after growing 2.5 min V2O3 on LSMO. 
The note on the top of the pattern indicates the equivalent deposited thickness. 
 The growth modes of V2O3 and LSMO and their mixed deposition on a 2D flat LAO 
substrate are shown in Figure 5-7. The 2D flat LAO substrate as indicated by its RHEED 
pattern in Figure 5-7a was obtained by annealing the as-received LAO substrate at 900 
o
C 
for 2 hours in oxygen flow. The LSMO which has a small lattice mismatch with LAO 
substrate exhibits a 2D growth mode. After depositing LSMO for 22 min, which is equivalent 
to 4.4 nm, the RHEED sustains 2D pattern. The growth of V2O3 on LAO is 3D and the 
RHEED becomes 3D after the deposition of V2O3, so is its growth on LSMO. The large 
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lattice mismatch will favor a 3D growth and then the formation of a nanocomposite. To 
suppress the 2D growth of LSMO to obtain a nanocomposite during alternate deposition, we 
directly used the as-received LAO substrates with relatively rough 3D surface for growth. 
 
Figure 5-8: (a) Dark field image of the cross-section of   13/10 nanocomposite. Bright 
field image (b) and dark field image (c) of the planar structure of same region. 
 The structure of the V2O3-LSMO nanocomposite was revealed by TEM. Figure 5-8 
summarizes the cross-section and planar structures of   13/10 nanocomposite. The 
cross-section view (as shown in Figure 5-8a) shows that there are some quasi vertical dark 
columns embedded in the bright film. An evident scenario of the chemical phase separation 
can be found in planar view image as shown in Figure 5-8(b-c). Take the bright field image 
of planar view for example, there are isolated dark islands embedded in a matrix and 
separated by a space of ~ 25 nm. According to the planar view, a typical scale for these 
islands is ~ 30 nm. Based on Figure 5-8(a-c), it is concluded that the alternate deposition of 
V2O3 and LSMO gives rise to an oxide nanocomposite. 
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Figure 5-9: (a) Planar view of the   13/10 nanocomposite. (b) EELS spectrums of selected 
points in panel (a), P1(blue), P2(red), P3(black). (c)The calculated relative quantification of 
elements of Mn, V and La. (d) EELS mapping with STEM: <1> mapping area and relative 
concentration of <2>V, <3>La, and <4>Mn. 
 To identify the chemical phase of the bright matrix and the dark columns, a EELS 
mapping via scanning TEM (STEM) which has a spatial resolution of ~ 1 nm was performed. 
ELL spectra of three typical points at three regions of different contrast as marked in the 
Figure 5-9a are displayed in Figure 5-9b. By quantifying the EEL spectrum, the relative 
chemical concentration is obtained as shown in Figure 5-9c. The darker region (Point-1) was 
dominated by Mn with less V and La, while the bright region (Point-2) is dominated by V and 
almost same level of La with few Mn. The Point-3 at grey region still has a lot Mn with few 
V and La. A much clear distribution of the elements is obtained by EELS chemical mapping. 
The relative chemical concentration mappings of V and La and Mn of region as shown in 
panel-1 of Figure 5-9d are displayed in panel-2, panel-3 and panel-4, respectively. Panel-1 of 
Figure 5-9d is the dark field planar view TEM image in which the grey island at right-bottom 
corner corresponds to the dark islands in Figure 5-9a. It is clearly that the bright region 
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around the island is dominated by La and V but almost no Mn while the grey region is 
dominated by Mn. As a result, The chemical compositions of these two distinct phases of 
materials in the film are completely different from the raw compounds, neither V2O3 nor 
LSMO. The bright regions are composed of La, V and certain oxygen while the gray are 
mainly Mn and oxygen. 
 
Figure 5-10: (a) High-resolution cross-section image of   13/10 nanocomposite via dark 
field STEM. The FFT of the selected regions in (a) are shown in (b) and (c). (d) HRTEM 
planar view image and (e) the smooth image of the Morie pattern in (d). (f) The FFT of Morie 
pattern. 
 To further figure out the chemical phase, lattice constant is measured by performing the 
fast Fourier transform (FFT) of high resolution TEM cross-section image in Figure 5-10. The 
FFTs of the region I and region II show that the bright region is La1-xSrxVO3 (LSVO) and 
dark column is MnO. Such conclusion is further supported by the appearance of the Morie 
pattern (see Figure 5-10d). The ratio of the k-space (q) of the main peak to the satellite peak 
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(q*) is q/q*=7.53. Since aMno=4.443 Å and aLSVO=3.89 Å, the theoretic q/q* is 7.53. 
q
q ∗
=
aLSVO × aMnO /(aLSVO − aMnO )
(aLSVO + aMnO )/2
= 7.53 
It is equal to the observed value, further supporting that the dark grey region is MnO. 
 EELS and HRTEM image both indicate that the two raw materials of LSMO and V2O3 
react with each other, resulting in a formation of new MnO and LSVO materials. A few V2O3 
columns which does not react with the LSMO could be found.  
 The chemistry and structure of   4/10 nanocomposite are revealed as well with STEM 
and EELS mapping. It is found that the LSMO dominates the   4/10 nanocomposite and 
forms a percolated matrix (bright region in Figure 5-11) with embedded nanocolumn defects. 
According to the EELS mapping, the dark circular like island is dominated by V and O while 
the grey one is dominated by Mn and O. The bright region is confirmed to mainly consist of 
the LSMO and have with few LSVO due to the low V2O3 to LSMO chemical ratio. 
 The structures and chemistries of the other nanocomposites with different combination of 
t1 and t2 have been also figured out by STEM and EELS. A summary of the structure 
evolution with increasing ratio is shown in Figure 5-12. It is found that the value of the ratio 
 determines properties as discussed later, so we use  value to mark specific nanocomposite 
thin films hereafter. The nanocolumns could be found for all kinds of nanocomposites of 
different ratios but the chemical phase of the matrix and columns changes with increasing 
ratio as shown in Figure 5-12. With small  value, the LSMO will dominate as the  = 0.4 
nanocomposite showing. With respect to the  =  1.3 nanocomposite, the LSVO forms a 
percolated matrix. With increasing , the percolation of LSVO will be diminished. Take  = 
4.33 for example as shown in Figure 5-12c, the dark region forming a percolated matrix with 
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isolated bright islands embedded in. The bright region in  = 4.33 nanocomposite thin film is 
LSVO while the dark region is dominated by V2O3 with some MnO nanocolumns. It is 
concluded that the percolation network can be tuned via controlling the deposition time ratio. 
 
Figure 5-11: (a) Planar dark view image of the α  4/10 nanocomposite. High resolution TEM 
image of the dark island (b) and grey island (c). (d) Region for EELS line mapping. (e) EELS 
line mapping along the line in (d). 
 
Figure 5-12: Dark field TEM planar view images of nanocomposites with different ratios. 
5.4. Phase Diagram of The V2O3-La2/3Sr1/3MnO3 Columnar Nanocomposite 
 Not surprisingly, the transport properties are also a function of t1/t2. As shown in Figure 
5-13, if we keep t2 = 10 min, the   6/10 nanocomposite is insulating, while both the   
10/10 and   16.6/10 samples exhibit a cross-over transition where the high temperature 
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phase is metallic. The cross over temperature is defined by Tc (defined as 0
 cTT
s
dT
dR
). We 
should further notice that the samples with same  ratio but different individual t1 and t2 
value show very similar transport properties (Figure 5-13). It is the deposition time ratio  
determining the properties rather than the individual t1 or t2.  
 
Figure 5-13: Temperature dependent sheet resistance for nanocomposites with same ratio α 
but different individual deposition time. 
 
Figure 5-14: Resistance vs. temperature curves for nanocomposites with different α. Curves 
for the insulating nanocomposites are shown in (a) and for nanocomposites with metallic 
phase at high temperature are shown in (b). The resistances are normalized to plot together 
for comparing. 
 The systematical evolution of the properties with α are shown in Figure 5-14. The 
nanocomposites with different kinds of t1 and t2 combination but α < 0.8 and α > 1.66 are 
insulating. The nanocomposites exhibit a cross-over transition with metallic phase at high 
temperature and a upturn of resistivity at low temperature in the range of 0.8 ≤ α ≤ 1.66. The 
transition temperature (Tc) decreases with increasing α.  
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 The temperature dependent sheet resistance of the α = 0.4 nanocomposite is shown in 
Figure 5-15a. It has very similar transport property curve with pure 2.4 nm thick LSMO thin 
film on the (111) LAO. The thermal activation energy of α = 0.4 nanocomposite obtained by 
fitting resistivity curve with Arrhenius equation is 100 meV which is a little bigger than that 
for the pure 2.4 nm LSMO thin film of 70 meV. The insulating behavior of 2.4 nm LSMO 
could arise from existing dead layer [125] and oxygen deficiency [44, 45]. The higher 
thermal activation energy of α = 0.4 nanocomposite than LSMO thin film may be due to the 
disorder in the nanocomposite. In the range of α > 1.66, the nanocomposite is in insulating 
phase again. With bigger α, the properties are close to the pure V2O3 thin film. As shown in 
Figure 5-15b, the α = 4.33 sample displays a turn over at about 180 K. Such characteristic is 
very close to that of pure 5 nm thick V2O3 thin film grown on LAO(111) and to that of V2O3 
grown on sapphire [154].  
 
Figure 5-15: Sheet resistance vs. temperature curves for (a) 2.4 nm LSMO (black) and α = 0.4 
nanocomposite (red); (b) α = 2.0 (black) nanocomposite, α = 4.33 (red) nanocomposite and 5 
nm V2O3 (blue). 
 Further, the magnetic field dependent transport properties of the films with different α 
values are displayed in Figure 5-16. The colossal magnetoresistance (MR) effect can be only 
observed with smaller α value of less than 0.8. Take the α = 0.4 nanocomposite for example, a 
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98% negative MR (defined as (R(B)-R(0))/R(0)×100%) effect at 146K was observed in the α 
= 0.4 nanocomposite, further indicating that the films resembles the films of LSMO. The 
nanocomposites of α > 0.8 don't have or just have very weak MR effect as the Figure 
5-16(b-d) showing. 
 
Figure 5-16: Temperature dependent sheet resistance under magnetic field for (a) α=0.4, (b) 
α=1.0, (c) α=1.66. (d) α=1.8 nanocomposite. 
 
Figure 5-17: (a) Temperature dependent sheet resistance of nanocomposites with different α 
values. (b) Phase diagram of V2O3-LSMO nanocomposite.   
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 A summary of the transport properties of nanocomposites with different α values is 
shown in Figure 5-17a. According to the transport properties of nanocomposites with 
different α values and the above discussion, a phase diagram can be roughly constructed as 
shown in Figure 5-17b. At the left side of phase diagram, with decreasing α the 
nanocomposite tends to be dominated by excess LSMO and has colossal MR effect. It is 
consistent with its structure that the LSMO forms a percolation network as mention above in 
Figure 5-12a. In the intermediate region (0.8 ≤ α ≤ 1.66), the new forming LSVO connects 
together and then the LSVO percolates and dominates the transport properties. In the bulk the 
La1-xSrxVO3 has a metal-to-insulator (MIT) transition with transition temperature (Tc) 
depending on the doping level [155]. In the case of x > 0.176, it is metallic and has a upturn 
of resistivity at low temperature. The relative content of LSVO in the nanocomposite is 
determined by the α, which affects the percolation network. Furthermore, the out of plane 
tensile strain coming from columnar defects also affect the properties of LSVO. Both the 
percolation and strain effect will change the Tc of the nanocomposite. At the chemical ratio of 
α = 1.66, the Tc goes down to the lowest temperature of 60 K. At the right side of the phase 
diagram, the increasing amount of V2O3 induced excess V2O3 dominates as planar view 
image in Figure 5-12c showing, so the properties of V2O3 emerge.  
 The nanoscale inhomogeneity is a focused issue in complex metal oxides due to which a 
varieties of phenomena emerge, e.g., colossal magnetoresistance. The percolative transport is 
a result of nanoscale inhomogeneity. A critical ratio of certain phase is required to favor the 
occurring of percolation. Generally we can use external magnetic field, temperature, pressure 
to affect the percolation. Here, we demonstrated a new way of alternate deposition to create 
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nanoscale inhomogeneity and then control the percolation by tuning the ratio between 
different phases. The interface between the columnar defects and matrix materials may bring 
some new effect, so a thorough microscopic study is required to reveal the such as strain and 
detail chemical distribution at grain boundary in the future to clarify interface effect. 
 In summary, we demonstrated nanocomposites with alternate deposition method and 
explored the in-plane transport properties. The raw V2O3 and LSMO will self-assemble into a 
columnar nanocomposite. A chemical reaction between V2O3 and LSMO leads to the 
formation of LSVO and MnO. The relative ratio of different phases evolve with change of 
chemical ratio of V2O3 to LSMO, as a result the nature of the percolation changes. At low α 
value, the LSMO properties emerge and in the intermediate range (0.8 ≤ α ≤ 1.66) the LSVO 
forms a percolated network and a controllable cross-over transition can be tuned via change 
the α. With higher α, the nanocomposite is going to be insulator again and tends to be close to 
V2O3.
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Chapter 6 Resistive Switching in Metal Oxide Thin Films1 
6.1 Introduction and Motivation 
 In simple Metal/Metal-oxide/Metal sandwiched thin films structure, it is found that 
electric field can vary its resistance persistently but still reversibly with proper applied 
voltages or currents, that is, electric field induced resistive switching (RS) effect (see Figure 
6-1). We may have more than two resistance states but two in most cases which can be 
reversibly switched. Generally speaking, the RS does not include phenomena caused by Joule 
heating. The accompanied Joule heating may have effect on RS, but it is just assistance or 
parasite rather than a driving mechanism. The discovery of resistive switching effect in metal 
oxide thin films can be traced back to 1962 when Hickmott found negative differential 
resistance effect in several Al/Insulator/Al devices where the insulators were binary metal 
oxides (Al2O3, ZrO2, TiO2, SiO, TaO2) [76]. Later in 1960s, more distinct RS effect was 
revealed in some other metal oxides [156-158]. The significance of the RS effect had not 
been realized until the scientists in University of Houston demonstrated a reversible electric 
pulse induced resistance (EPIR) and prototype of non-volatile resistance random access 
memory (NV-RRAM) by using Pr0.7Ca0.3MnO3 (PCMO) thin film in 2000 [159]. In the same 
year, IBM discovered RS effect in SrTiO3 [160] and SrZrO3 [161]. Like bamboo shoots after 
a spring shower, the RRAM began to attract a great deal of interest and be quickly developed. 
In 2002, Sharp Corporation and University of Houston together proposed PCMO based 
RRAM and another big earthquake shaking both industry and academy is that Sharp 
                                                             
1 This chapter first appears as Solid-State Electronics 72, 4 (2012), Appl. Phys. Lett. 94, 
253503 (2009), Appl. Phys. Lett. 98, 203108 (2011) and J. Appl. Phys. 111, 114506 (2012). 
Reprinted by permissions of Elsevier and American Institute of Physics. 
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Corporation developed a first PCMO based RRAM capable of programming data at rates 
about 100 times faster than flash memory [162]. RRAM has much simpler unit cell 
architecture that it could be 1R1D (one resistor, one diode) or 1R1T (one resistor, one 
transistor), dramatically increasing memory density and data programming speed. The 
programming and read voltage could be ~1 V and current is in the range of micro-ampere, so 
the power is much lower than flash memory. The advantages of high speed, high density, and 
low power consumption make RRAM to be as a very promising next generation non-volatile 
memory. 
 
Figure 6-1: Left, Metal/Metal-Oxide/Metal sandwiched structure; Right, scheme of 
writing/erasing and read cycle. 
Table 6-1: Examples of metal-oxides which exhibit RS behavior 
Binary 
TiO2, ZrO, NiO, CuxO, MoOx, ZnO, CeO2, CoO, Fe2O3,SiO2, 
WO3, MnO2,Ta2O5, HfO2, MgO, Cr2O3, VO2, Sm2O3 
Poly 
SrTiO3, SrZrO3, Pb(ZrxT i1−x)O3, La1-xSrxFeO3, La1-xSrxCoO3,(Ba,Sr)TiO3, 
Pr1-xCaxMnO3, La1-xCaxMnO3, La1-xSrxMnO3, BiFeO3, LaCuO4  
 RS has been extensively discovered in a lot of metal oxides from binary compounds to 
polycompounds (see the Table 6-1 as examples) [76, 156-184]. It seems to be a universal 
phenomenon in metal oxides thin films, but they may occupy quite different mechanisms. 
The RS could be categorized into two types (see Figure 6-2). One is unipolar RS (URS), 
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whereby SET, switching from a high resistance state (HRS) to a low resistance state (LRS), 
and RESET, switching from LHS to HRS, occur at different biases of the same polarity, 
either positive or negative. Typical unipolar RS devices include binary transition metal oxides 
such as NiO [164] and TiO2 [165]. The other type of RS is bipolar, whereby SET and RESET 
occur at the opposite bias polarity. Some perovskite materials sandwiched between two metal 
electrodes are good examples of this second type [159-163]. 
 
Figure 6-2: Typical I-V sweep loop for (a) Unipolar resistive switching (b) Bipolar resistive 
switching. 
 Although a great effort has been paid to find out the mechanism of RS, the underlying 
physics is still under controversy. This debate is exacerbated by the great difficulty in 
characterizing the physical changes responsible for the RS because the active regions of RS 
are extremely small (in nanoscale) and sandwiched between two metal electrodes. At the 
early stage, different models have been suggested to explain the mechanism of RS effect, 
including a conducting filament creation or destruction [165], Schottky barrier behavior at the 
interface [75, 185], Mott transition [186], charge trapping or detrapping [187], polaron 
melting and ordering [188], oxygen vacancy migration [66, 189-193] and interface redox 
[171, 194]. 
 If we take a look at such sandwiched devices, the resistance that we measure is not just 
the resistance of metal oxide, but also interface resistance between the electrode and metal 
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oxide since in the most cases the interface resistance cannot be ignored. The actual resistance 
should be RI1+RMO+RI2 as shown in Figure 6-3. The resistance change could arise from 
interface or bulk of metal oxide. No matter where the change comes from, we still can 
phenomenologically use filament model to describe resistance change in a way that 
conductive path is created at low resistance state and destructed at high resistance state. This 
picture is schematically shown in right panel of Figure 6-3. The filament can be either at 
interface or in metal oxide, thus we can have a commonly description of resistive switching 
with filament model. Precisely speaking, filament in metal oxide layer is called bulk filament, 
and interface conductive channel is called interface filament. Such phenomenological model 
can explain the RS well, but it cannot tell us the microscopic mechanism.  
 
Figure 6-3: Left, schematic diagram of Electrode/Metal-Oxide/Electrode cross-section 
structure with a interfacial transition region. The overall resistance of this sandwiched 
structure is RI1+RMO+RI2; Right, scheme of filament model. 
 Electric field induced filament formation and rupture by Joule heating is thought to be 
the most likely explanation for the URS. The bipolar RS (BRS), which breaks the space 
inversion symmetry, more related to an electric field direction and the microscopic structure 
of device, is hard to be understood. The origin of BRS remains elusive, despite of a 
significant increase in experimental findings in the past year. More and more experimental 
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results suggest that the region near electrode plays a very important role in BRS, despite of 
different possible mechanisms [195-198]. Such results which in most cases are based on 
investigation of the effect of different electrodes indicate that different electrodes lead to 
different RS behavior even in URS case. Lee et al.[196] found that RS behavior of (Ta, or 
Al)/NiO/Pt is quite different from Pt/NiO/Pt that (Ta, or Al)/NiO/Pt would degenerate one 
day after fabrication of devices. Their X-ray spectroscopy indicates that the Ta top electrode 
was oxidized, which would fail the oxidation of filament, as a result the devices maintained 
in low resistance state (see Figure 6-4). The role of interface region is further realized after 
more and more experimental results from electrode effect and the effort to improve 
performance of devices in many other kinds of materials [195-198].  
 
Figure 6-4: The I-V sweep loops for NiO films using Pt (black), Ta (red), and Al (green) top 
metal electrode, (a) as-fabricated devices (b) after one day. All samples have a Pt bottom 
electrode. X-ray photoelectron spectra of (c) Ta 4f and (d) Ag 3d. Ta 4f spectrum indicates 
oxidation of Ta while no oxidized Ag peak appears. Figures adapted from [196]. 
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Figure 6-5: Scheme of interfacial oxidation and reduction model. 
 Metal electrodes affect the RS since the electrode material can participate in 
oxidation/reduction process [196, 199, 200], or in trapping and de-trapping of the oxygen 
vacancies [201]. Typically when the electrode is reactive and then could be easily oxidized, 
the electric field can drive the oxygen to move in/out of electrode to oxidize/reduce it (see 
Figure 6-5). The role played by metal contacts in these devices goes beyond the Schottky 
contacts as that in typical semiconductor devices, and may very well hold the key to the 
successful engineering of practical devices.  
 Since the RS is a universal phenomenon in metal oxides, a reasonable deduction is that 
oxygen ions/vacancies will be a center issue in RS. Many transition metal oxides are 
‗self-doped‘ by native oxygen vacancies. Some of these point defects are trap-centers and 
some are electron/hole doping. The mechanism for RS may be the coupling of electronic and 
ionic phenomena [74].  
 To date, the underlying physics of the key behavior of RRAM of electroforming (EF) and 
endurance is still not well understood. In some cases, varying EF process can significantly 
affect the characteristic of RS. Jeong et al. showed that the different histories of 
electroforming processes can result in very different RS behaviors-unipolar RS or bipolar RS 
[202]. While in other cases, e.g., TO/CMO binary metal oxide structure where TO is tunnel 
oxide and CMO is conductive metal oxide, EF process is not required [203]. The endurance, 
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one of the critical attributes for practical application of RRAM, is yet to be improved in many 
of M/MO/M devices. The role of the chemical reactivity of the electrodes is an important 
aspect of the working mechanism in these devices. It has been reported that for some MO 
materials, such as (Ba,Sr)TiO3[173], CuOx[204], La0.7Ca0.3MnO3[205], the endurance of a 
device with reactive-metal (RM) top electrode (TE) and a non-reactive metal (NRM) bottom 
electrode (BE), RM/MO/NRM, is quite different from that with NRM TE, NRM/MO/NRM. 
In these materials, the NRM/MO/BE devices were easy to fatigue in atmosphere, while 
weaker fatigue or no fatigue could be obtained in RM/MO/BE [173, 204, 205]. Loss of 
oxygen into atmosphere in the NRM/MO/BE system is proposed to be the main reason 
leading to degradation of RS, while RM can prevent loss of oxygen into atmosphere [173]. 
RM electrode appears to improve the endurance.  
 The understanding of the physics of metal/metal-oxide junction and role of oxygen will 
be significant for us to finally hold the key to know the mechanism of RS. To do so, we 
comprehensively characterized RS in M/MO/M and found that the Gibbs free energy for 
oxidation of electrodes plays an important role in electrode effect. Our results suggest that the 
electrodes could be divided into two groups: reactive-metal vs. non-reactive-metal, where 
reactive-metal electrode has a lower Gibbs free energy for oxidation than metal-oxide, and 
non-reactive-metal electrode has a bigger Gibbs free energy for oxidation than the metal 
oxide. With microscopic probe of M/MO interface, we found that oxygen migration near 
interface is the central role in RS. In RM/MO interface, oxygen migration assistant 
oxidation/reduction is the main reason driving resistive switching, while oxygen vacancies 
redistribution in metal oxide plays an important role in NRM/MO junction. The enhancement 
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of resistive switching performance from reactive metal electrode is due to self limiting 
behavior of electrochemical redox.  
6.2 Investigation of Resistive Switching in Pr0.7Ca0.3MnO3 Thin Film 
6.2.1 Categorization of Resistive Switching  
 
Figure 6-6: Left, XRD pattern of PCMO thin film; Right, TEM image of cross-section of 
PCMO/Pt and ZOOM-IN of A and B regions. 
 The PCMO film was fabricated on a 170 nm (111) orientated Pt buffer layer on a silicon 
wafer by a special low temperature (<400 
o
C) back-biased face-target-sputtering process 
which is compatible with CMOS process by 4DS company in Silicon Valley in USA [78]. 
X-ray Diffraction (XRD) θ-2θ profile of the film as shown in Figure 6-6 confirms that the 
PCMO film was c-axis oriented, and HRTEM images revealed that the PCMO film was 
polycrystalline. Our experiment results show that the thickness of PCMO has less effect on 
resistive switching behavior and here we used 125 nm thick thin film as an illustration of 
resistive switching in PCMO. 
 The uniformity of devices was characterized by measuring hundreds of different devices 
on a same wafer. An array of electrodes as shown in Figure 6-7a was fabricated through 
standard lithography process. The I-V characteristics were measured on a probe station (see 
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Figure 6-7b). With our probe-station, we could easily switch the gold-tip from one device to 
another and effectively measure lots of devices quickly. The I-V sweep of Pt/PCMO/Pt 
devices and statistics of resistance of 100 different Pt/PCMO/Pt devices are shown in Figure 
6-8. The I-V curve of Pt/PCMO/Pt is linear, indicating the Pt/PCMO contact is Ohmic. The 
mean resistance of Pt/PCMO/Pt devices is 43 Ω and its Var root is 10.3 Ω. Note that the 
resistance of Pt/PCMO/Pt device is only 43 Ω, indicating very low Pt/PCMO contact and 
PCMO bulk resistance. Based on this result, we can distinguish the role of TE/PCMO 
interface from bottom Pt/PCMO interface and individually investigate top interface.  
 
Figure 6-7: (a) Photo of square electrode array on PCMO (b) Schematic diagram of 
measurement of TE/PCMO/Pt with probe station and inset is the photo of gold-tip contacting 
electrode 
 
Figure 6-8: (a) I-V curve of Pt/PCMO/Pt devices. (b) Statistics of resistance of 100 hundred 
devices. 
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Figure 6-9: I-V characteristics for (a) Ag, Cu, Au, Pt/PCMO /Pt, (b). Al/PCMO/Pt, (c) 
Ti/PCMO/Pt, and (d) Ta/PCMO/Pt; The data was taken with bias looped from 0→3 V→-3 
V→0. There are 6 consecutive loops for (b), (c) and (d), and label-1 marks the first loop, and 
6 is the last. The size of the loop reduces progressively from 1 to 6. Label-F marks the 
forming process. Inset of (b), (c) or (d) shows the blow up of the hysteresis loop at positive 
bias. 
 Then we measure devices with different kinds of TEs. Figure 6-9 shows the I-V 
characteristics of 7 different TEs on PCMO/Pt. Quite noticeably, large hysteresis loops at 
negative bias were present for Al/PCMO/Pt (Figure 6-9b), Ti/PCMO/Pt (Figure 6-9c), and 
Ta/PCMO/Pt(Figure 6-9d), while almost no hysteresis was observed in Ag (Pt, Au, 
Cu)/PCMO/Pt devices(Figure 6-9a). The I-V loop labeled ―F‖ in Figure 6-9(b-d) is the 
―forming process‖, i.e. when a voltage is applied to the virgin state of a device and ramped 
above a threshold (1.8-2.5 V), resulting in a new physical state that exhibits hysteresis 
subsequently. There are 6 consecutive loops for each specimen (Figure 6-9(b-d)) and some 
degrees of fatigue of the size of the hysteresis loop (reducing from #1 towards #6) can be 
seen. However, after multiple bias sweeps, the I-V characteristics and the hysteresis become 
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repeatable. Quite interestingly, all devices made with non-reactive metal (Pt, Ag, Au, Cu) TEs 
do not display a similar ―forming‖ and hysteresis characteristics. Note that the resistance of 
Pt/PCMO/Pt device is only 43 Ω, indicating very low Pt/PCMO contact and PCMO bulk 
resistance. In addition, the Pt/PCMO/Pt device does not show RS under I-V sweep up to ±3 V. 
Thus, the Pt BE should have a negligent effect on the overall measurement and data taken 
from devices made with other TEs should primarily reflect the effect of the TE materials.  
 
Figure 6-10: (a) Virgin resistance (VR) vs. workfunction. The data of each TE material is an 
average over 100 devices, and small error bars indicate that these devices are quite uniform. 
The dash line marks the workfunction of PCMO [206]. (b)VR vs. metal-oxide formation free 
energy taken from Refs.[207, 208]. The dash line at -366KJ/mol. indicates the oxidation free 
energy of PCMO from [209]. 
 Prior to the ―forming process‖, the I-V characteristics in a small bias region below the 
threshold of all the devices are reversible regardless the TE material. The virgin resistance 
(VR) is a good measure of the contact resistance between the TE and PCMO. Figure 6-10a 
plots the VR against the workfunction of the TE material where the workfunction of PCMO 
(4.89 eV) is also marked [206]. Note that there is essentially no direct correlation between 
TE‘s workfunction and VR. On the other hand, VR for non-reactive-metal/PCMO/Pt is much 
less than VR of (Al, Ti, Ta)/PCMO/Pt. These observations suggest that the interface is not a 
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typical Schottky barrier formed by charge redistribution at the interface. For example, there is 
a large workfunction difference between Ag and PCMO (4.26 eV vs. 4.89 eV), but 
Ag/PCMO/Pt has a very low VR and linear I-V. 
 
Figure 6-11: HRTEM images of interfaces between top electrodes and PCMO: (a) Pt/PCMO, 
(b) Al/PCMO , (c)Ti/PCMO and (d) Ta/PCMO. All figures have the same scale shown in (d). 
 To elucidate the above observations, HRTEM images of top interfaces of as-prepared 
samples of (Pt, Al, Ti, Ta)/PCMO were taken and are shown in Figure 6-11(a-d). An 
amorphous layer was found in between (Al, Ti, Ta) and PCMO, but not in Pt /PCMO 
interface, or (Ag, Au, Cu )/PCMO interface (images not shown). Amorphous oxide layers at 
(Ta, Ti)/PCMO interfaces have also been confirmed using electron energy loss spectroscopy 
in two recent reports [199, 200]. The relative high VR is somehow associated with the 
presence of the interfacial metal oxide. Figure 6-10b plots VR vs. the oxidation free energy 
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of the TE material. It shows that the VR decreases with increasing oxidation free energies of 
TEs. Note that the oxidation free energy of PCMO falls between these two groups. Thus upon 
deposition, oxidation of the TE and reduction of PCMO at the interface will occur 
spontaneously for the active metal group (Al, Ti, Ta), but not for the non-reactive metal group 
(Pt, Ag, Au or Cu), resulting in dramatically different interfaces for the two groups.  
 To date, experimental findings on how various metal contacts on PCMO affect RS in a 
sandwiched-structure have yet to converge. Tsubouchi et al. [198] have surveyed a 
combination of TE/PCMO/BE where TE, BE are Mg, Ag, Al, Ti, Au, Ni, Pt, and concluded 
that only electrode pairs including at least one Al showed RS. Kawano et al. [199] and Shono 
et al.,[200] however, have found that both Ta/PCMO/Pt and Ti/PCMO/Pt exhibit bipolar RS 
with the former switching faster due to a thinner oxide layer. Sawa et al.[185] studied 
TE/PCMO/SrRuO3 devices (TE being Pt, Au, Ag and Ti) and found that only device with Ti 
electrode shows RS.  
 Combining these reports and the present results, we found quite remarkably that the TEs 
of the PCMO devices can be categorized into two groups, the non-reactive metal group vs. 
the reactive metal group, simply based on the relative oxidation free energy with respect to 
PCMO. They show dramatically different I-V and RS characteristics. It should be noted that 
there are reports that show RS in NRM/PCMO/Pt devices but with a reversed polarity of SET 
and RESET voltage compared with devices of reactive metal TE [210, 211] and hence do not 
contradict to the above categorization.  
 The inconsistent RS characteristics in NRM/PCMO/Pt may arise from a little variation of 
oxygen vacancies concentration and different electrode morphology. In fact, our experimental 
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results demonstrated that the electrode morphology can affect the RS. Take Ag/PCMO/Pt as 
an example in Figure 6-12, the Ag-film/PCMO/Pt, Ag-tip/PCMO/Pt and Ag-paste/PCMO/Pt 
have quite different characteristics of I-V sweep loops. 
 
Figure 6-12: Scheme of devices and I-V characteristics for Ag-Paste/PCMO/Pt (a), 
Ag-tip/PCMO/Pt (b), Ag-film/PCMO/Pt (c). The Cross-section view of Ag-Paste/PCMO is 
referred from ref. 212. 
 In our experiments, both Ag-Paste/PCMO/Pt and Ag-tip/PCMO/Pt devices exhibit very 
strong RS behavior while Ag-film/PCMO/Pt devices show very weak hysteresis. The 
common feature of Ag-Paste/PCMO/Pt and Ag-tip/PCMO/Pt is that the electrode/PCMO 
actually is point contact. The Ag-Paste/PCMO/Pt cross-section revealed by TEM [212] is 
shown on top of Figure 6-12a, the Ag nanoparticles with diameters of 100 nm have a much 
smaller contact area with PCMO than Ag-film/PCMO. Ag-tip/PCMO was measured with 
conductive-AFM (the detail of measure with Ag-tip is described below). The Ag-film 
electrode with size of 100 μm × 100 μm was deposited on PCMO via magnetron sputtering, 
so it has atomically level good and large contact area. RS is possibly induced by local 
changes of oxygen vacancy concentration with electric field [66, 213]. As discussed in Ref. 
[66], the oxygen concentration in PCMO can affect RS characteristics in Ag/PCMO/Pt. It can 
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also affect the sensitivity of migration to external electric field. No matter what, a strong 
electric field can more easily move the oxygen and cause resistance switching.  
 
Figure 6-13: I-V characteristics for Pt(Ag, Au, W, Ni, Al)-tip/PCMO/Pt devices in (a)-(f). The 
schematic diagram of measurement with AFM is shown (g). 
 The RS mechanism of NRM/PCMO/Pt and RM/PCMO/Pt is likely different. With 
conductive AFM-tip, we could mount different kinds of tips and approach the tip to point 
contact with PCMO surface and then perform I-V sweep. Figure 6-13 shows that the Pt (Ag, 
Au)-tip/PCMO/Pt share the same resistance switching direction (HRS->LRS under positive 
bias), and W (Ni, Al) has reversed direction (LRS->HRS under positive bias), further confirm 
the nature of categorization of RS in TE/PCMO/Pt revealed above.  
6.2.2 Mechanism of Resistance Switching  
 Binary TMO sandwiched between two metal electrodes typically displays URS [164, 
165]. More recently, Jeong et al. have discovered BRS for a Pt/TiO2/Pt device by using a 
forming process at a lower current compliance (<0.1 mA), and attributed this BRS to an 
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electrochemical reaction mechanism in contrast to the filamentary model for the URS [202]. 
For TE/PCMO/Pt devices where the TE is a metal in the reactive group, only BRS has been 
reported to date, suggesting that the oxide layer and the oxygen deficient PCMO region both 
play the critical roles. Resistivity for bulk PCMO is 10
-1
 to 10
-2
 ·cm [214] at room 
temperature while that for a thin film PCMO is 10
3
 to 10
4
 ·cm due to lower oxygen 
concentration [185]. Our Pt/PCMO/Pt device has a resistivity of ~3.4x10
2
 ·cm. The 
resistivity of the LRS of the devices with reactive group TEs is also on the same order (see 
Figure 6-9). This implies that the resistance of the oxide layer at LRS is rather small, but 
becomes dominant at HRS. Oxygen vacancies in TiO2 are known to be n-type dopants, VO
2+
, 
which transform a stoichiometric TiO2 from insulating into semiconducting [215]. The 
as-fabricated device has abundant VO
2+
 in the TiO2-x layer at the Ti/PCMO interface (Figure 
6-11c) and hence its VR is in LRS. A positive voltage applied to the TE will drive the VO
2+
 in 
the Ti-oxide toward PCMO layer and oxidation of Ti-oxide region causes the switching to 
HRS. When a negative bias is applied to TE, most of the applied voltage will then drop across 
the oxide layer resulting in a large local electrical field which attracts VO
2+ 
from PCMO 
towards Ti-oxide, and the reduction of the Ti oxide layer causes a switching back to the LRS. 
The fatigue on the hysteresis loops shown in Figure6-9(b-d) hence reflects the imbalance 
between oxidation and reduction during the initial cycles of switching.  
 The above model can be extended to devices made with other TEs in the reactive metal 
group. While these TEs can be readily oxidized at room temperature (RT) as long as the 
oxygen ion migration is facilitated by the electrical field, reduction of TEs at RT, however, 
may need further assistance of local Joule heating to overcome the energy barrier for 
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disassociation. For a given SET voltage, the degrees of reduction of the TEs are inversely 
scaled to the Gibbs free energy. During the SET and RESET, the oxygen deficient region of 
the PCMO acts as a reservoir for storing and supplying oxygen ions. Although the resistivity 
of PCMO also changes as the oxygen concentration varies, it is much smaller than the change 
of resistance in the oxide layer. For devices made with TE in the non-reactive metal group, 
the absence of the metal oxide layer can explain why no appreciable I-V hysteresis was 
observed, even though oxygen vacancies may still be shuffled between TE and BE and some 
degrees of oxidation/reduction at the opposite side of the PCMO may still occur. Sawa et al. 
have proposed that SET and RESET create two levels of defect states at the interface which 
trap different amount of charges and hence create two types of Schottky barriers [185]. The 
draw-back of this model is its inability to naturally account for the categorization of the 
electrode materials shown above. 
 We have shown that the contacting material of the TE in a TE/PCMO/Pt thin-film device 
plays a critical role in determining the device's I-V characteristics. In particular, we have 
found that metal-PCMO-Pt devices can be categorized into two groups based on whether the 
Gibbs free energy for oxidation of the TE is greater or less than PCMO oxidation free energy. 
Our result suggests that interface redox based RS phenomena has less relation with work 
function, but much determined by Gibbs free energy of oxidation. Herein, We can get a 
universal physics model for RS in TE/PCMO/Pt as shown in Figure 6-14. For RM/PCMO, 
the actual structure will be RMO/PCMO/Pt. Oxygen migration assistant oxidation/reduction 
under external electric field is the origin of RS observed in RMO/PCMO/Pt, while pileup of 
oxygen vacancies near NRM electrode causes the RS in NRM/PCMO/Pt.  
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Figure 6-14: Scheme of mechanism of resistance switching in Electrode/PCMO junction. Left, 
oxygen migration induced interfacial oxidation/reduction. Right, oxygen pileup near 
non-reactive metal electrode under external electric field. 
6.2.3 Self-limiting of Redox at Reactive-Metal/Pr0.7Ca0.3MnO3 Junction 
 RM seems to enhance the RS in RM/PCMO/Pt devices. To reveal underlying physics, we 
investigated the electroforming and endurance behavior of Al/PCMO with Al served as 
typical RM. We used the same PCMO thin film as discussed in 6.2.1. In order to prevent 
oxidization of Al TE, the Al film of ~ 3 nm deposited on the as-grown PCMO thin film was 
capped with 90 nm Pt by magnetron sputtering at room temperature. An array of 200 μm  
200 μm electrodes was subsequently patterned by a standard photolithography and reactive 
ion etching technique. All patterned devices were made to have the same thicknesses for the 
material stack. The electrical properties of the devices were characterized by means of I-V 
sweep using Keithley-2400 with Pt BE being grounded. 
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Figure 6-15: RS characteristics of the Al/PCMO/Pt memory devices: (a) The electroforming 
with different sweep voltages with the inset showing no hysteresis when V < 1.5 V; (b) 
Consecutive I-V sweep loops (0→Vmax→0) Vmax= 3 V; (c) Sequential I-V sweep loops 
(0→Vmax→0) with Vmax = 1.8 V (black), 3 V (red), 4 V (green); and (d) I-V sweep loop (0→ 
-3V→3V→0). Arrows and number indicate sweep direction and sequence. 
 Figure 6-15a presents the first electroforming (EF) I-V curves of different Al/PCMO/Pt 
devices with several maximum voltages, 0 → + Vmax → - Vmax → 0, respectively. The I-V 
curves exhibit hysteresis only when Vmax reaches a threshold value. As shown in the inset of 
Figure 6-15a, no I-V hysteresis has been observed for Vmax ≤ 1.2V. Through the extrapolation 
of our data, this threshold voltage for effective EF is found to be ~ 1.5V which is directly 
related to the current peak position (Vp = 1.5 V) in the I-V loops [see Figure 6-15a], 
reflecting the presence of an activation barrier for EF. In order to gain more insight into the 
EF as well as RS behavior, we applied only positive sweep loops (0  Vmax  0) 
successively with gradually increasing Vmax for a given device. First we notice that after the 
initial EF at a V
1
max, subsequent positive voltage sweep loop does not exhibit hysteresis for 
Vmax ≤V
1
max (the red curve overlaying the return trace of the 1
st
 I-V in black in Figure 6-15b). 
132 
However, hysteresis reappears when the Vmax exceeds V
1
max and increases sequentially to 
V
2
max and V
3
max (see Figure 6-15c). Furthermore the threshold voltage of EF (Vp) increases 
with each additional cycle of voltage ramp at higher Vmax than its previous cycle, indicating 
that the resistance state or RS barrier can be tuned with maximum EF voltage. On the other 
hand, for an as-fabricated device if the initial sweep voltage polarity is reversed to 0 → - 3V 
→ 3V → 0, there is no I-V hysteresis at negative bias as shown in Figure 6-15d. When the 
negative applied voltage is increased further by removing the current compliance, a 
permanent breakdown due to large joule heating will occur. Therefore, we concluded that EF 
only occurs in the initial positive bias ramp for Al/PCMO/Pt devices.  
 
Figure 6-16: (a) Consecutive I-V sweeps after electroforming with Vmax = 3.0 V. Inset shows 
the zoom-in of the marked region of I-V curves of 6-sequencial loops. Label-1 marks the first 
loop (EF). (b) 6 groups of HRS and LRS are distinguished by the vertical dash line and the 
corresponding sweep parameter V
(-)
max/V
(+)
max is indicated for each group. Resistance state 
was read at Vr=- 2.1 V. 
 For a given device, RS behavior is uniquely determined by the EF process. As long as the 
switching voltage does not exceed the maximum EF voltage (Vmax), the device can be cycled 
between SET (from a high resistance state (HRS) to a low resistance state (LRS)) and RESET 
(from LRS to HRS) (see Figure 6-16a). As shown in Figure 6-16a for a device with EF at 
Vmax = 3.0 V, some degrees of fatigue are evident as the hysteresis loop changes during the 
133 
initial cycles, reflecting the imbalance between SET and RESET processes. However, after 
few initial cycles of SET/RESET, the I-V hysteresis loop becomes repeatable, clearly 
indicating that the device reaches a new balance between SET and RESET.  
 The above device characteristics that EF only happens in positive bias which RESET a 
device from a LRS to various HRS depending on the amplitude of the EF voltage and that a 
large negative bias can SET the device back to a LRS allow us to tune the HRS and LRS for 
multilevel RS simply by changing the SET voltage V
(-)
max (at negative sweep, 0 → V
(-)
max → 0) 
and RESET voltage V
(+)
max ( at positive sweep 0 → V
(+)
max→ 0). For example, we 
successively swept the device (i.e., 0 → V(+)max → V
(-)
max→ 0) with different ratios of V
(-)
max / 
V
(+)
max after a single EF and then recorded the resistances of both HRS and LRS at a read 
voltage V
(-)
max <Vr<0. Figure 6-16b shows the data for 6 sets of V
(-)
max/ V
(+)
max with 9 sweeps 
carried out for each and the HRS and LRS recorded at Vr = - 2.1 V. The first sweep, -3 V/3 V 
is the initial EF. For each V
(-)
max/ V
(+)
max, the resistances settle to stable values after several 
cycles of voltage sweep, indicating that the device is able to quickly reestablish a balance 
after it being set to a new level. These results suggest that the working resistance states can be 
tuned sequentially and effectively for these devices. 
 As discussed in 6.2.1, the Al/PCMO interface dominates the RS characteristics. To reveal 
the nature of the interface, we have investigated the cross-section structure of Al/PCMO/Pt 
with high resolution transmission electron microscopy (HRTEM). Interestingly, HRTEM 
image reveals a ~ 4.7 nm thick amorphous layer [see Figure 6-17a] at the interface between 
Al and 125 nm thick PCMO film. We further examined a 19 nm thick PCMO film capped 
with the same thickness of Al layer and found no change in the thickness of amorphous layer  
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[see Figure 6-17b]. Comparing with the same thickness of PCMO film capped with a glue 
layer of Figure 6-17c, it is clear that a portion of the PCMO layer should become amorphous  
 
Figure 6-17: HRTEM images (with the same scale bar) of Al/PCMO/Pt device cross section: 
(a) 125 nm thick PCMO; (b) 19 nm thick PCMO. (c) HRTEM image of 19 nm thick PCMO 
without Al layer. (d) XPS spectra of Al 2p core level showing distinct oxidization state. (e) 
I-V characteristics for electroformed Al/PCMO/Pt (black curve) and as fabricated 
Al/Al2O3/PCMO/Pt (red curve). 
(α-PCMO) after Al capping. In addition, X-ray photoelectron spectroscopy (XPS) of the Al 
2p level taken near the Al electrode (Figure 6-17d) shows both metal Al 2p (at ~ 72 eV) and 
oxidized Al 2p (~ 75 eV) peaks, suggesting partial oxidization of Al electrode and formation 
of Al2O3- at the interface. Yasuhara et al. [216] also reported a similar observation and 
suggested that a ~1 nm thick Al2O3- layer was formed at the Al/PCMO interface. Thus the 
structure of our device is actually Al/Al2O3-/α-PCMO/PCMO/Pt. It is suggested that the 
formation of the α-PCMO layer is the consequence of the loss of oxygen to the top reactive 
electrode [199]. From the relative thickness of 1 nm Al2O3 vs. 4nm α-PCMO, the oxygen 
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vacancies concentration in the α-PCMO is estimated to be ~34%. Therefore, the spontaneous 
formation of oxygen-deficient Al2O3- and α-PCMO at the interface is the essential aspect of 
this device.  
 The oxygen migration at the Al/PCMO interface and the redox reaction of the interface 
layer are thus critical for the RS in Al/PCMO/Pt devices. The oxidation (RESET) of the Al 
electrode, extraction of oxygen ions from PCMO under positive bias, and its reduction (SET), 
migration of oxygen ions from Al2O3- back to PCMO under negative bias, occur 
alternatively at the Al/PCMO junction forming the characteristic RS. The thickness of Al2O3- 
may change, but the secondary-ion mass spectrometry analyses indicate that oxygen 
migration mainly changes the relative oxygen content in Al2O3- [217]. In general, the SET 
and RESET should be asymmetric since oxidation is much easier in aluminum oxide than its 
reduction.  However the resistance of Al2O3- will increase during RESET, such that more 
voltage drops across Al2O3- layer and less across PCMO.As a result it is harder for oxygen 
ions to migrate from PCMO to Al2O3-,, and further oxidation in Al2O3- becomes limited 
[218]. On the other hand, during SET, the large initial voltage drop on in Al2O3- will 
facilitate oxygen migration from Al2O3- into PCMO, but reduction of Al2O3- becomes harder 
as the layer becomes more conductive with increasing oxygen vacancies. There is no 
quantitative data yet on the redox reaction kinetics of Al2O3-/PCMO interface. However, for 
perovskite SrTi1-xFexO3-, Steinsvik et al. [219] found that the activation enthalpy for 
annihilation of oxygen vacancies decreases from 2.0 eV to - 0.2 eV with  increasing from 0 
to 0.4. In other words, it will be increasingly difficult to create oxygen vacancies (reduction) 
in a sample with a higher degree of oxygen deficiency. Likewise for Al2O3- the degree of 
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difficulty in oxidization (or, reduction) will decrease (or, increase) with increasing . 
Therefore, both the electric field distribution and the kinetics of the redox reaction at the 
interface naturally self–limit the process and create the balance between SET and RESET. 
 Based on the above scenario, the EF and the SET/RESET cycles can be qualitatively 
understood. To drive oxygen migration between PCMO and Al2O3- and cause 
reduction/oxidation, the electric field should overcome the kinetic barrier of interface 
reduction/oxidation. Initially, because of rich oxygen vacancies in the Al2O3- layer, oxygen 
ions incline to migrate to the Al2O3- from PCMO, thus EF occurs at positive bias. The 
activation barrier increases as the oxygen vacancies in the Al2O3- layer are depleted with 
successive EF, hence the current peak shifts to higher bias in Figure 6-15c. Furthermore, the 
SET/RESET balance will depend on the history of relative oxygen vacancy concentration 
between Al2O3- and PCMO. For each SET/RESET parameter, V
(-)
max/ V
(+)
max, the device can 
adjust the relative level of oxygen concentration by the self-limiting process at the interface 
through a few SET/RESET cycles and eventually reach a new balance as shown in Figure 
6-16b.  
 To further test the above mechanism, we have deposited a 3 nm stoichiometric Al2O3 
layer on the top of PCMO by atomic layer deposition at 250 
o
C. Indeed the as fabricated 
Al/Al2O3/PCMO/Pt devices can yield reproducible RS without EF as shown in Figure 6-17e. 
The Al/Al2O3/PCMO/Pt devices exhibit similar I-V hysteresis to that of electroformed 
Al/PCMO/Pt ones, but require larger negative bias to SET (reduce) Al2O3 due to more stable 
initial phase of Al oxide. The better insulation and fewer oxygen vacancies in the Al2O3 layer 
also result a much larger resistance of Al/Al2O3/PCMO/Pt than that of Al/PCMO/Pt device.  
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 In summary, we have revealed important characteristics of the EF and RS of 
Al/PCMO/Pt devices. The redox reaction at the interface between reactive Al electrode and 
PCMO layer plays a key role in the EF and RS. In particular, a self-limited field-induced 
oxygen migration leads to a balance between oxidization/reduction during SET/RESET 
cycles. Our results demonstrate the advantage of using a reactive metal electrode for 
improving the functionality of the metal oxide based memory devices. 
6.2.4 EPIR Performance in Reactive-Metal/Pr0.7Ca0.3MnO3/Pt Devices 
 
Figure 6-18: (a) Scheme of devices and measurement setup. (b) Resistance switching under 
pulsed cycles for (b)Ti/PCMO/Pt device and (c) Ta/PCMO/Pt devices 
 The reactive metal enhances the RS especially the endurance behavior. Our PCMO thin 
film with top reactive metal electrode exhibits good EPIR effect. To measure the EPIR effect, 
we use Agilent 8110A to provide variable voltage pulse and Keithley 2400 to measure 
resistance at low voltage or current in case that read process changes the resistance. A 
switching circuit is developed to switch between read and programming. A scheme of EIPR 
measurement is shown in Figure 6-18a. EPIR in Ti/PCMO/Pt and Ta/PCMO/Pt devices are 
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displayed in Figure 6-18b and c respectively. The pulse width is 50 ns and amplitude of the 
pulse is ~5 V. It guarantees the high speed of programming, indicating that RM/PCMO/Pt can 
be a promising candidate for RRAM. 
6.2.5 Dynamic Visualization of Oxygen Migration and Diffusion with in-situ TEM 
 Both the interface oxidation/reduction and oxygen pileup require the motion of oxygen. 
The Direct imaging of oxygen migration and diffusion would be significant for understanding 
the motion of oxygen in metal oxide, and it will guide us to build up oxygen motion based 
next generation metal oxides multifunctional electronics with application ranging from 
sensors and memory to logic circuit. In-situ electrical field Transmission Electron 
Microscopy (TEM) can locally investigate structural and chemical information during 
resistance switching. We chose Pr0.7Ca0.3MnO3 (PCMO) as a demonstration to use in-situ 
TEM technique to present evidence of dynamic oxygen vacancies migration and diffusion, 
and its coupling to resistance switching. Strong correlated PCMO is a typical resistance 
switching material in which many papers present evidence for the oxygen migration and 
diffusion [66, 198-201, 213]. However, microscopy real time view is absent. The oxygen 
vacancies content would vary mix of divalent (Mn
4+
) and trivalent (Mn
3+
) manganese ions, 
which is a key parameter in manganite materials. Here, we report a dynamic evolution of 
stripes during both applying electric field and after termination of electric field. These results 
indicate electric field induced migration and oxygen vacancies concentration gradient 
induced oxygen vacancies diffusion behavior. Our results provided a microscopic image of 
coupling of oxygen vacancies and physics properties and bring benefits to research of metal 
oxide based electronics. 
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Figure 6-19: (a) Draft of SPM inside TEM, (b) TEM specimen holder, (c) Photo of the holder 
with SPM-tip and TEM specimen, (d) TEM image of Au-tip/Si contact. 
 A home-made integrated scanning probe microscopy (SPM)-TEM system was used to 
perform the in-situ measurement [220]. A 3D piezomotor as shown in Figure 6-19a was 
integrated into TEM sample holder. To in-situ measure thin film, a thin film TEM specimen 
head was designed (Figure 6-19b). The photo of specimen holder and TEM image of one 
in-situ device are shown in Figure 6-19d. A sharp tungsten-tip (W-tip) was used as SPM tip 
which can be finely approached to specific position of specimen with navigation of JOEL 
2010F operating at 200 kV. To enable the W-tip to contact the PCMO, we chose the TEM 
specimen that has some parts of the PCMO without being covered with glue for tip contact. 
Furthermore, we cut off the copper grid in a way as shown in Figure 6-20 schematically to 
allow the tip to approach the specimen. Then the setup with the PCMO sample was mounted 
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to the SPM-TEM sample holder and put into our TEM system. The bottom Pt layer was 
grounded through copper grid and the W-tip was used as the other electrode, so that the 
W-Tip/PCMO/Pt formed a two terminal device inside TEM. The I–V characteristics were 
measured with a Keithley 2400 sourcemeter. The constant voltage was also provided by 
Keithley 2400. The measurements with simultaneous TEM imaging were performed at room 
temperature.  
 
Figure 6-20: (a)Schematic figure of cross-section specimen. (b) enlarged picture of 
cross-section structure as indicated in (a). (c) Schematic diagram for W-tip/PCMO Contact. 
 
Figure 6-21: I-V characteristics for W-tip/Si/Pt device. Three I-V curves were taken every 
one minute. The I-V curves show a very excellent repeatability. 
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 The cross-section TEM specimen of PCMO thin film was first prepared by mechanical 
grinding and dimpling to ~ 1 μm thick at the center; then mounted to copper grid by using 
silver epoxy connecting the Pt to copper grid; and finally milled with 4-5 keV argon ion beam 
to be thin enough for TEM investigation. The thinnest area of the TEM specimen was ~ 
30-100 nm thick. 
 The mechanical stability of the SPM tip was tested first by using Au-tip/Si-film contact. 
We made the Au-tip contact Si film whose high-solution-TEM (HRTEM) image can be 
observed and performed current-voltage (I-V) sweep. Three I-V curves taken every one 
minute repeated very well (see Figure 6-21), indicating very good and stable Au-tip/Si 
contact and very stable mechanical stability of Au-tip. 
 
Figure 6-22: A schematic view of the in-situ TEM characterization setup. The W-tip is 
controlled by a 3D piezomotor and Pt electrode is grounded. The SiO2/Si substrate is not 
shown. (b) An I-V sweep loop (0→5V→-5V→0) for W-tip/PCMO/Pt device measured inside 
TEM. The sweep sequence is 1→2→3→4. 
 With such a setup, we were able to perform simultaneously TEM characterization to 
investigate the electric-field-driven structural evolution of devices. Figure 6-22 shows the 
characteristic I-V sweep loop of W-tip/PCMO/Pt setup, evident for the bipolar RS character. 
Under positive bias the system changes from low resistance to high resistance state. This is 
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also confirmed by our independent conductive Atomic Force Microscopy (AFM) 
measurement on similar implemented W-tip/PCMO/Pt setup as shown in Figure 6-13. 
 
Figure 6-23: (a) A TEM image of W-tip/PCMO/Pt devices. Inset is the resistance of the 
device versus time under -5 V bias and the thick solid line curve is used to shows the trend. (b) 
A zoom-in image of the selected region of the PCMO film marked in (a). (c) A zoom-in and 
time-dependent image of selected region marked in (b) under the electric field applied 
through the W-tip. The field intensity is estimated ~ 9  106 V·m-1. The dot curves sketch the 
boundary of stripe domain. The white arrows indicate the electric field directions. An electron 
energy of 200 keV was used for TEM imaging. 
 The characteristic I-V hysteresis of W-tip/PCMO/Pt has been explained by the oxygen 
migration assisted interface oxidation/reduction of WOx as discussed in section 6.2.2. If the 
oxygen migration is the case to drive RS, it should cause a local structural distortion along 
the migration path. To monitor the structure evolution in real time, we applied a constant bias 
to W-tip and then took a TEM image every ~1.0 second. The TEM image of W-tip/PCMO/Pt 
is shown in Figure 6-23a. The thickness of PCMO along the TEM electron beam direction is 
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estimated to be less than 100 nm. The contact area between W-tip and PCMO is estimated 
about 100 × 100 nm
2
 and the distance from W-tip to the nearest part of the bottom Pt 
electrode is about 550 nm. Figure 6-23b presents the zoom-in image of the region close to 
the W-tip before applying electric field. A stripe-ordered region with a spacing period of 
stripes of ~ 3
(001)P
d  (P means primitive in pseudo cubic phase, so as to following text) is 
clearly revealed in the zoom-in image. We also observed similar stripe domains but with 
different stripe spacings. As we will discuss in the following, such a modulation stripe has 
been interpreted as an ordering of oxygen vacancies, where the stripe spacing depends on the 
local density of oxygen vacancies which exist in the film intrinsically [221].  
 Interesting, both the structural modulation and the consequent electric transport can be 
tuned by applied external field. The resistance of the device versus time after applying a 
sample bias voltage of -5 V is shown in inset panel of Figure 6-23a. The large noise observed 
in R vs. T curve is due to instability at the in-situ mechanical contact between W-tip and the 
PCMO thin film. The electric field can be roughly estimated as E = ~ 9  106 V·m-1. The 
resistance decreased with time and started to saturate after ~ 50 s. A structure evolution near 
the tip was visualized simultaneously during applying the electric field. Figure 6-23c 
displays a series of time-dependent images of structural modulation after applying the bias 
voltage. The boundary of the striped area indicated by a dashed yellow line gradually moves 
along the electric field direction. The stripes moved close to the tip and gradually faded away 
with time. After about 321 seconds, the stripes were almost diminished. Therefore, we 
directly observed for the first time an electric-field-induced migration and evolution of stripes 
in PCMO film, which is correlated with the evolution of the device resistance. 
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 In order to exclude the possible electron irradiation effect on the observed change of 
local structure, we monitored possible structure change of PCMO after half an hour of strong 
electron irradiation with a dose of ~ 2 × 10
6
 electrons·Å
-2
 at a magnification of 500 k. We 
found no change of structure with such irradiation treatment. We also checked whether the 
structure change could be due to the stress from the W-tip contact. We found no change in 
structure in the TEM image with contacting W-tip but no applied bias. Thus we conclude that 
the observed structure evolution in PCMO film (see Figure 6-23) is solely due to the effect of 
the electric field.  
 
Figure 6-24: A series of TEM images for the decaying electric-field-induced stripes in a 
crystalline grain of PCMO film. The evolution started right after the applied electric field (~ 9 
 106 V·m-1) was removed. The crystalline orientation of the imaged grain is marked in panel 
(f). The inset is the corresponding FFT pattern. 
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 To gain further insight into the local lattice dynamics associated with such an 
electric-field-induced oxygen vacancy migration, we have performed in-situ measurements 
on the relaxation of electric-field-induced structural distortion/reconstruction. Figure 
6-24(a-f) presents a series of time-dependent images on the relaxation of the 
electric-field-induced stripe structure in a single crystalline grain of PCMO film after 
removing the external electric field through W-tip bias. The electric-field-induced vertical 
stripes in the grain gradually fade away with time and finally the crystalline grain restores its 
primary structure with no observable superstructure. 
 
Figure 6-25: (a) I-V hysteresis of Ag-Paint/PCMO/Pt; (b) Resistance relaxation after applying 
only positive sweep loop; Temperature-dependent I-V hysteresis in (c) linear and (d) 
logarithmic scale 
 The relaxation time scale (referred as τs here and after) for the observed stripes is 
estimated on the order of 1 hour, profoundly longer than any simple electronic or structural 
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relaxation, such as the melting of charge [222] or polaron ordering[188]. Such a slow 
relaxation should be related directly to the ion motion, i.e., oxygen vacancy diffusion. Based 
on the fact that when PCMO relaxes back to the thermal equilibrium state, the resistance 
should simultaneously become stable. The structure relaxation then should be responsible for 
the relaxation of the switched resistance. As shown in Figure 6-25a, an Ag-Paint/PCMO/Pt 
device with point contact between Ag nanoparticle and PCMO [212] exhibits the same 
characteristic resistance switching behavior as our Ag-tip/PCMO/Pt as shown in Figure 6-13. 
If only applying positive sweep loop, the resulted LRS then will slowly decay with relaxation 
time of 50 min [see Figure 6-25b], which is indeed very close to τs. Nian et al. has also 
reported the same order of resistance relaxation time (~ 10 min) in this material and the 
resistance relaxation is thought to result from oxygen diffusion [66]. The 
temperature-dependent resistance switching characteristics displayed in Figure 6-25(c-d) 
also imply that the field induced switching is related to ion migration. The I-V hysteresis 
became smaller with decreasing temperature and completely disappeared below 140K, even 
though a voltage sweep-loop with the maximum voltage of 10 V was applied (data not 
shown). Since the mobility of the oxygen ( )/(
0
KTEe ) exponentially decays with 
increasing 1/T, the oxygen will be frozen at low temperature. For example, μ(140 K)/μ(300 K) 
is equal to ~ 10
-8
 (here the activation energy (E) of 0.4 eV is used according to the result from 
Ref. 66). It can be interpreted that the freeze of oxygen causes the disappearance of RS. 
These results strongly suggest that both the electric field induced evolution of superstructure 
(Figure 6-23) and the relaxation of the stripes (Figure 6-24) are related to motion of oxygen 
vacancy in the system.  
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Figure 6-26: (a) Zoom-in image of stripes in Figure 6-23c, showing a p(3×1) stripe 
superstructure along [001] direction; (b) The structural model in (1-10)P-plane view of 
primitive lattice in pseudo cubic perovskite (ABO3) structure; A possible A3B3O8 oxygen 
vacancy model in (c) (110)P- and (d) (1-10)P-plane view. 
 We now interpret the in-situ observed stripes as the superstructure associated with the 
local oxygen vacancy order and their formation and evolution induced by an applied electric 
field result in the change of transport properties, including RS. With sufficient density, 
oxygen vacancies can self-assemble into certain orders and result in lattice reconstructions in 
this class of perovskite materials [221, 223-226], such as the observed stripe modulation. An 
external electric field induced oxygen vacancy migration can change the local vacancy 
density and affect their self-assembling, resulting in the electric-field-induced superstructure 
evolution. Back in 1976, Grenier et al.[221] proposed that oxygen vacancies in 3D cubic 
TMO perovskites [ABO3, as shown in Figure 6-26b] could form AnBnO3n-1-type structure 
where (n-1) octahedral planes alternate with one tetrahedral structure. According to the 
AnBnO3n-1 model, oxygen vacancies prefer to locate on {001}P plane, and form strings along 
<110>P direction, forming a modulated stripes with period of 
p
nd )001( . The n = 3 and n = 4 
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type reconstructions have been reported before.[221, 224-226] The high resolution image of 
the stripe in Figure 6-24 shows that the field induced stripes locate in the (001) plane, 
consistent with the characteristic of oxygen vacancy order in perovskite materials. Although 
we do not have atomic-resolved images of stripes in Figure 6-23, the measured spacing of ~ 
p
d )001(3 between stripes in PCMO (see Figure 6-23 and Figure 6-26a) implies that stripes 
have a modulation as n = 3 case in the AnBnO3n-1 model. A schematic model for these 
observed stripes is shown in Figure 6-26(c-d). The oxygen vacancies in the (001)P plane 
form strings along [110]P direction. The planar view of reconstructed structure in the (1-10)P 
plane then gives rise to stripes with a period of 
p
d )001(3 . The local oxygen vacancy density 
should manipulate the evolution of stripes, including possible change of periodicity and even 
orientation. Under an external electric field which influences the local oxygen vacancy 
density, the stripes will migrate, change their shape and orientation, depending on the strength 
and direction of local electric field (see Figure 6-23). Without the external field, the field 
induced a gradient of the concentration of oxygen vacancies will cause the stripes to relax as 
shown in Figure 6-24. Yang et al. also reported similar phenomena in SrTi0.2Fe0.8O3 [224]. 
 The structure evolution under electric field allows estimating the oxygen vacancy 
mobility. The drift velocity of oxygen vacancies should approximately equal that of stripes. 
The stripe boundary marked by a dashed yellow line in Figure 6-23c moved ~ 14 nm in 321 s 
at an electric-field of ~ 9 × 10
6
 V·m
-1, so the oxygen vacancy mobility is estimated to be μ = 
4.8 × 10
-14
 cm
2
·V
-1
·s
-1
. It is smaller than the reported value of 3.9 × 10
-12
 cm
2
·V
-1
·s
-1
 in Ref. 
110. The smaller mobility probably resulted from different oxygen vacancy concentrations 
[66]. The sample in Ref. 66 was grown to be oxygen deficient in oxygen free atmosphere and 
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the resistivity of the low resistance state was reported to be ~ 1.2 × 10
5
 Ω·cm, three orders 
higher than that of our sample (~ 3.4 × 10
2
 Ω·cm). The sample we have should have lower 
oxygen vacancy concentration, thus causing lower mobility as discussed in Ref. 66. 
 In summary, we present direct evidence for the dynamic migration and diffusion of 
oxygen vacancies in PCMO through in-situ structural imaging, thus provide a microscopic 
view for the nature of RS functionality in this class of oxide materials. The manipulation of 
oxygen vacancy with external electric field not only controls the local chemical stoichiometry 
but also the structure, resulting in the change of the physical properties of TMOs, typically 
resistivity for example. Although we use PCMO as a demonstration, the results should be 
general for other metal oxides and give insight into the development of oxide-based 
resistance random access memory.  
6.3 Investigation of Resistance Switching in Single Crystalline CeO2 Thin Film 
6.3.1 Improve Resistance Switching Performance of CeO2  
 
Figure 6-27: AFM image of CeO2 surface. 
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 CeO2 single crystalline thin film was epitaxially grown on single crystal 0.7wt% (001) 
Nb-SrTiO3 (NSTO) substrate by pulsed laser deposition (PLD) at 530 
o
C in oxygen ambient 
of 15 mTorr. The surface is very flat with roughness of ~1 nm as shown in Figure 6-27. XRD 
data shown in Figure 6-28a indicates the grown direction was [100]. The thickness was 175 
nm (see Figure 6-28b). High resolution transmission electron microscopy (HRTEM) also 
confirmed that the film was well crystalline and homogeneous (see Figure 6-28(c-d)). 
  
Figure 6-28: (a) XRD pattern of single crystalline CeO2 thin film (b) TEM image of 
cross-section of CeO2/NSTO (c) High resolution image of CeO2 thin film (d) High resolution 
image of CeO2/NSTO interface. 
 An array of 100 μm×100 μm electrodes, 30 nm thick and with 600 μm separation in both 
x&y directions, on top of the CeO2 thin film by using the standard photolithographic 
technique was fabricated. The conductive NSTO substrate was always grounded as bottom 
electrode. Systematic current-voltage (I-V) sweep loops (0→Vmax→-V’max→0) were 
carried out with Keithley 2400. The electrodes with a number of materials were made by 
magnetron sputtering at room temperature.  
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Figure 6-29: I-V sweep loops of Top-electrode/CeO2/NSTO with different top-electrodes of 
Ag, Au, Pt, Al, Ta, Ti. 
 Figure 6-29 shows the I-V characteristics of six different devices with different types of 
metal electrodes on the top of the CeO2/NSTO. We could obtain reproducible hysteresis for 
all kinds of top metal electrodes. Although all six sets of I−V curves exhibited hysteresis and 
bipolar resistive switching, the devices with NRM (Ag, Au, Pt) as the top electrodes show a 
different switching direction from that with RM (Al, Ta, Ti) as the top electrodes. As 
displayed in Figure 6-29(a-c), In NRM (Ag, Au, Pt)/CeO2/NSTO devices, resistance was 
switched from the high resistance state (HRS) to the low resistance state (LRS) when 
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applying positive bias and from LRS to HRS at negative bias, referenced as ―Eightwise‖, 
while RM (Al, Ta, Ti)/CeO2/NSTO did a reversed way which behaved like ―Counter 
Eightwise‖. Therefore the choice of top electrode could be used to determine the resistance 
switching direction. 
 The retention behavior between NRM/CeO2/NSTO and RM/CeO2/NSTO displayed 
remarkable difference too. As shown in Figure 6-30a, we can take Ag/CeO2/NSTO as an 
example, the consecutive (0→2V→0) sweep loops totally coincided. The time space between 
these two sweeps was ~1 s. During the sweep, the initial HRS was switched to LRS under 
positive bias and the LRS relaxed quickly back to HRS again when electric field was absent, 
thus subsequent same loop started from the same resistance state as previous sweep loop. The 
sweep loop at negative bias side also showed the same characteristic. In another word, RS in 
NRM/CeO2/NSTO is volatile. The switched resistance by the external electric field could 
relax back to initial sate quickly. In contrast, RS in RM/CeO2/NSTO is non-volatile. Take 
Al/CeO2/NSTO as an example, both HRS and LRS in Al/CeO2/NSTO devices maintained 
constant without any sign of decay as shown in Figure 6-30b. Therefore the reactive metal 
electrode should be used for practical application where long time retention is required.  
 
Figure 6-30: (a) Consecutive I-V (0→2V→0) sweep loops on Ag/CeO2/NSTO, (b)Retention 
behavior of HRS and LRS of Al/CeO2/NSTO. The resistance was read at 0.3V. 
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 A strong rectification effect was observed in both HRS and LRS of NRM/CeO2/NSTO 
devices (see Figure 6-29(a-c)). Quite different from NRM/CeO2/NSTO devices, the I-V 
curves became linear or almost linear at LRS and rectification effect was distinct just at HRS 
(see Figure 6-29(d-f)) in RM/CeO2/NSTO. The rectification effect in NRM/CeO2/NSTO 
devices could be attributed to presence of Schottky barrier at NRM/CeO2 and CeO2/NSTO 
junctions. Linear I-V curve observed in LRS state of RM/CeO2/NSTO indicates a qualitative 
change of RM/CeO2 and CeO2/NSTO junction compared to those in NRM/CeO2/NSTO. The 
rectification effect could affect the OFF/ON (equal to HRS/LRS) ratio. The HRS/LRS read at 
0.24V for Ta, Al/CeO2/NSTO were 770 and 165 respectively, much bigger than that of 
Ti/CeO2/NSTO (HRS/LRS=4). The smaller ratio in Ti/CeO2/NSTO may be induced by weak 
rectification effect in both LRS and HRS.  
 Based on discussion above and completely different behavior of RS characteristic and 
retention between NRM/CeO2/NSTO and RM/CeO2/NSTO, it is reasonable to say that the 
RS mechanism in these two different kinds of devices (NRM vs. RM) is completely different. 
6.3.2 In-situ TEM Investigation of Resistance Switching in CeO2 Thin Film  
 The method to measure CeO2 thin film inside TEM is similar with that for PCMO as 
describe in 6.2.5. The electron transparent cross-section samples were prepared by 
conventional mechanical polishing and argon ion milling to a thickness of around 30~60 nm 
at the center region of the samples. A sharp gold tip driven by piezo-controller moved 
forward to contact the ceria film of TEM-ready cross section sample which was loaded on a 
home-made specimen holder. Inset of Figure 6-31 shows the in-situ TEM 
device-Au-tip/CeO2/Nb-STO. The metallic Nb-STO had good electric conductivity and was 
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grounded. A loop of in situ I-V sweep, 0→+Vmax→0→-V’max→0, was performed and 
displayed the resistance switching effect, as shown in Figure 6-31. The I-V loop 
characteristic is same with Au-film/CeO2/Nb-STO devices as shown in Figure 6-29.  
 
Figure 6-31: I-V loop of Au-tip/CeO2/NSTO inside TEM. Inset is TEM image of 
Au-Tip/CeO2/NSTO devices. Figure adapted from [220]. 
 
Figure 6-32: (a) High resolution image of CeO2 film along <110> zone axis and its 
diffraction pattern and structure model shown in (b) and (c) respectively. After application of 
5 V bias, superstructure appeared. The higher resolution image is shown in (d), the diffraction 
pattern and structure mode are shown in (e) and (f) respectively. Figures adapted from [220]. 
 Figure 6-32(a-b) show the atomic-level TEM image and electron diffraction pattern 
from <110> zone axis before applying the electric field. By applying a small bias 1 V to the 
junction for seconds (the threshold voltage is not overcome), no change was observed. When 
the bias was up to 10 V (electric field E~1.5×10
8 
V/m and the device was at LRS), as shown 
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in Figure 6-32d, the structural transformations took place with the appearance of wave 
sweeping in high resolution TEM image. The extra diffraction spots were also observed from 
diffraction pattern [see Figure 6-32e], corresponding to the long periodicity of two-fold CeO2 
{200} and four-fold CeO2 {110}. This superlattice reflection indicated that oxygen anions 
had been removed from the ceria and the introduced oxygen vacancies were ordered 
[227-229].  
 
Figure 6-33: (a) Atomic-level TEM image of CeO2 film alone <110> zone axis. Inset: 
corresponding electron diffraction pattern. (b) EELS a of Ce-M edge. (c) 10 V voltage was 
applied between the gold tip and NSTO. Gold tip was anode. Superlattice reflections and 
extra diffraction spots (inset) appeared. (d) A reversal in the intensity of Ce M45 was observed; 
and the shoulder indicated by arrow in (b) disappeared. Figure b and d adapted from [220].  
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 To gain further evidence of the phase transition, electron energy loss spectra (EELS) 
analysis that showed the chemical valence changing of Ce ions were performed. When 
applying bias of 10 V, a reversal in the intensity of Ce M45 was observed [Figure 6-33b and 
d], suggesting that Ce has undergone a transition from 4+ to 3+ oxidation state [229, 230]. 
The shoulder [indicated by arrowhead in Figure 6-33b] that suggested the strong covalence 
hybridization between Ce 4f and O 2p states [231], disappeared in the electric field. Then we 
applied -10V (the device was back to the HRS), the EELS showed that the Ce oxidation state 
reverts to 4+; at the same time the superstructure reflection stripe disappeared from TEM 
image. 
 The oxygen vacancies stripes always prefer to appear at NSTO/CeO2 interface. Under 
positive bias (NSTO was grounded), the stripes emerge from NSTO/CeO2 interface and 
propagated through the thickness of the ceria to the gold electrode. Reverse bias then melts 
the stripes starting from gold electrode. As the diffraction pattern and EELS showing, the 
stripes are due to the ordering of oxygen vacancies, thus should arise from generation of more 
and more oxygen vacancies. To understand the behavior of stripes under field, it should be 
noticed that communications between oxygen anions and oxygen gas could occur [74]. Szot 
et al. discovered that the gas bubbles had developed under the anode when the electric field 
was applied to single crystalline SrTiO3 [73]. From measuring the fatigue behavior of 
Ag/La0.7Ca0.3MnO3/Pt heterostructure, Shang et al. proposed that oxygen gas could infuse 
into the electrode/film interface and oxygen anions could diffuse out to the environment 
when different biases are applied [232]. More recently, Yoshida et al. demonstrated that the 
oxygen gas could penetrate into the non-stoichiometric nickel oxide film by using 
18
O tracer 
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gas atmosphere [233]. For fluorite structure, oxygen is more easily released and absorbed by 
cerium oxide, that is why this material is widely used as oxygen storage capacity in catalysis 
[234, 235]. Therefore, the top interface of Au/CeO2 is exposed to oxygen atmosphere while 
the NSTO/CeO2 is buried under CeO2 thin film, which gives rise to the broken symmetry of 
interface. Under positive bias, oxygen anions move to top Au/CeO2 interface and then formed 
O2 which is released into atmosphere. At the same time the removal of oxygen anions leaves 
oxygen vacancies and since SrTiO3 could not compensate oxygen anions, more and more 
oxygen vacancies are created starting from SrTiO3/CeO2 interface. That is why that the 
stripes start from SrTiO3/CeO2 interface and propagate to gold electrode. The negative bias 
will convert O2 into oxygen anions and then migration into inert CeO2 crystal, then melting 
the stripes.  
6.3.3. Resistive Switching Mechanism in CeO2 Thin Film Device 
 In-situ TEM experiment indicates that oxygen could easily move into CeO2 and CeO2 
could communicate with oxygen gas. In the case that the top electrode is non-reactive metal, 
NRM/CeO2/NSTO, the oxidation of NRM could not occur. As discussed in 6.3.2, positive 
bias will cause oxygen vacancies to move across the CeO2 thin film and negative bias will 
remove oxygen vacancies. For stoichiometric CeO2, every oxygen atom is situated at the 
center of tetrahedron, surrounded by four Ce atoms. The oxygen p band has two extra 
electrons provided by Ce atom while there is a narrow empty Ce f band in the gap between 
the valence and conducting bands [236]. When an oxygen atom is leaving its lattice position, 
the two electrons may occupy the lowest possible empty state which is the f band of nearest 
Ce atoms, tuning Ce
4+
 to Ce
3+
 and enhancing the electron conductivity of the cerium oxide 
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[237]. Perfect CeO2 is an insulator (band gap 6 eV), corresponding to the HRS [238]. The 
presence of oxygen vacancies lowered the local electron resistivity. So positive bias results in 
LRS and negative bias will give rise to HRS. Generally CeO2 is a stable phase while CeO2-x 
can only be stable at high temperature and/or ultralow pressure. For example, a stable Ce2O3 
phase occurs only at the pressure lower than10
-95
 atm at room temperature [239]. In the 
absence of electrical field, the CeO2-x conductive path will be melted due to the infusion of 
the oxygen into film even in the vacuum of ~ 10
-10
 atm (as discussed in 6.3.2). In this study, 
our NRM/CeO2/NSTO devices were measured at ~1 atm. It is much easier for the conductive 
Ce2O3 to recover back to the insulating CeO2 phase, resulting in a volatile RS.  
 Unlike NRM, the RM can easily react with the oxygen to form metal oxide. It is reported 
in some RM/Metal-oxide interface that the electric field induced oxygen migration can cause 
redox at interface and interface redox at RM/MO is suggested to be the main reason that 
causes RS. Under the electric field, oxygen will migrate between top electrode (or top 
electrode oxide) and metal oxide. The remarkable difference between NRM/CeO2/NSTO and 
RM/CeO2/NSTO indicates similar interface properties with Metal/PCMO/Pt devices. Under 
positive bias with respect to the bottom NSTO, oxygen will migrate into top RM to oxidize it 
(resulting in HRS) while negative bias can reduce the RM top electrode oxide (resulting in 
LRS), as a result RS is ―Counter Eightwise‖. In contrast to oxygen diffusion in 
RM/CeO2/NSTO, such kind of electrochemical reaction at interface requires not only the 
migration of oxygen across interface but also resultant oxidation/reduction. The change of 
interface chemical component induced by electrochemical redox will be more stable [194], 
hence the oxidation/reduction of the RM (Al, Ta, Ti) is stable against thermal fluctuation, and 
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so RM/CeO2/NSTO has an excellent retention. The linear I-V behavior in LRS of 
RM/CeO2/NSTO may be related to relative oxygen concentration level between CeO2 and top 
RM electrodes. In the future we will try to reveal the role of interface junction in I-V 
rectification, RS and microscopic mechanism of interface redox process. 
 Metal oxide with mobile oxygen will be a good candidate for RS but may have bad 
retention due to diffusion. Resistance relaxation is also reported in Ag/Pr0.7Ca0.3MnO3/Pt 
devices where in some specific physics state the pileup of oxygen proximity to electrode can 
diffuse, leading to volatile behavior [66]. The diffusion will kill the retention. Redox based 
RS in the RM/Metal-oxide could be used to improve the retention. The interface current 
rectification effect is another approach that enables us to adjust the OFF/ON ratio. 
 In summary, we demonstrated that RS performance in TE/CeO2/NSTO sandwiched 
devices strongly depends on the activity of top electrodes. The NRM/CeO2/NSTO devices 
display ―Eightwise‖ bipolar RS, but are all volatile with a stable HRS. The RM/CeO2/NSTO 
devices show ―Counter Eightwise‖ RS direction and are non-volatile with no sign of decay or 
relaxation. Between RM/CeO2/NSTO, Ta/CeO2/NSTO showed a bigger OFF/ON ratio. 
Therefore we can engineer electrode to improve devices performance, which will enlighten 
the way to improve performance of resistance random access memory. 
6.4 Investigation of Resistance Switching in Metal Oxide Heterojunction 
 The current technology that based on charge storage, such as flash memory, has become 
increasingly limited as the cell size decreases. Developing non-volatile high speed memory 
based on solid state system that can exist in two or more stable states is one key technological 
step to extend the functional equivalent of Moore‘s law.[240] Phase-change random access 
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memory (PCRAM),[241] magnetoresistive random access memories (MRAM),[242] etc., are 
candidates for future non-volatile, high speed, high density memories. Yet another class of 
promising non-volatile, high performance memory is resistance random access memory 
(RRAM) which is based on resistance switching (RS) effect. The RS behavior, as a common 
feature of metal oxide thin film based sandwich devices is thought in most cases to be 
strongly related to oxygen and its defects (typically the oxygen vacancy). More specifically, 
either the field induced redox or oxygen migration plays a central role in RS. In another word, 
the RS phenomenon benefits much from strong coupling between oxygen atom/defects and 
properties of the metal oxides. The external electric field can move the oxygen ions or 
vacancies so the local density of oxygen ion/vacancy will change, thus changing the 
resistance.  
 Although a great effort has been paid to develop reliable and stable devices for practical 
application, it still requires a lot work to solve such as uniformity, endurance and retention 
issues to finally make it commercialized. Most of the structures of RRAM devices are the 
M/MO/M, and actually the metal electrode not only performs as an electrode but also 
provides an M/MO interface. The M/MO contact could be a pure electronic contact such as 
Schottky barrier or a chemical contact where a redox may occur depending on the Gibbs free 
energy of oxidation of metal electrode. For the latter case, a new electrode oxide will be 
formed, hence the actual structure should be M1/M1-Oxide/M2-Oxide/M3. For example, the 
Al/Pr0.7Ca0.3MnO3(PCMO)/Pt device in fact is Al/AlOx/PCMO/Pt and the field induced redox 
at AlOx/PCMO heterostructure causes the RS. The M/MO/M structure is not essential for RS. 
Some of the metal-oxide heterostructure (MOH) forming from two metal-oxides coupling 
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together can have better endurance due to self-limiting effect. Although the performance of 
the MOH arising from the oxidation of metal electrode could have a good RS, but it is 
strongly limited by the nature of the metal electrode and that just a few active metals could be 
used. To fabricate a MOH as shown in Figure 6-34 on purpose will be a more flexible way 
allowing us to improve device performance by choosing proper oxides.  
 
Figure 6-34: (a) Structure of a MOH RRAM device. (b) Schematic diagram of working 
mechanism. 
 Oxygen vacancy will strongly affect the properties of metal oxides as discuss in Chapter 
1. A specific property of a metal oxide could be a function of its oxygen vacancy 
concentration. 
(1)       )(
oV
n   
Here φ is a specific property of a metal oxide and 
oV
n  is its oxygen vacancy concentration. 
Change of the oxygen vacancy concentration will change the properties. Concerning the RS 
phenomenon specifically, the resistivity as a function of oxygen vacancies will be discussed. 
For convenience, using n to represent the concentration of oxygen vacancy (so as the 
following text), then we have 
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(2)        )( 200  nnRnnR   
In the case of the MOH, an electric field induced migration of oxygen vacancies from one 
MO to the other MO (see schematic picture in Figure 6-34b) will then change the oxygen 
vacancy concentration of both metal oxides. Take Figure 6-34b as an example, a positive 
bias (bottom electrode is grounded as reference) will move the oxygen vacancies from MO-2 
into MO-1, thus changing both vacancy concentrations and causing change of the both 
resistances. Neglecting the interface rectifying effect and the high order items of more than 3 
in equation (2) since in most cases the Δn will be very small and then the change of resistance 
(ΔR) of MOH will be 
(3)      
2
2222
2
111121 nnnnRRR    
The change of the concentration (Δn) is proportional to the change of the amount of oxygen 
vacancies (ΔN), Δn=kΔN, then we have 
(4)     )()( 2
2
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2
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The relative change of resistance is determined by the followed item 
(5)     
)()(
0
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Under external electric field 
(6)      ))(())(( dtEtVndttVjN   
 
ΔN is determined by the interface oxygen flux and the duration time. Here μ is the oxygen 
mobility and a function of external bias V(t). It is evident that the field induced migration can 
change the oxygen content to induce a resistive switching in MOH. In other words, a real 
time control of the resistance of MOH can be realized. To maximize the speed of the 
switching, either a strong electric field or high mobility of oxygen is required. Generally the 
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mobility of the oxides is very small at low electric field as shown in Table 1-1, but the it can 
be greatly enhanced at high electric field, so it is still possible to provide nanosecond scale 
switching speed in MOH.  
 
Figure 6-35: (a) three types of relation between change of resistance (ΔR) and number of 
oxygen (ΔN) moving across the MOH interface. (b) Applied bias versus time and 
corresponding ΔN versus time. (c) Correspond I-V curves for three types of MOH in (a). 
 Under the external electric field, the characteristic hysteresis will be strongly affected by 
relative resistivity behavior of the metal oxides. Since the introduction of oxygen vacancies 
can either enhance or decrease the conductivity, the coefficient α and β could be positive or 
negative. The ΔR as a function of ΔN could have three types as shown in Figure 6-35a. 
Under a positive sweep loop (0→Vmax→0) (bottom panel in Figure 6-35b), the oxygen will 
start moving at above certain critical electric field intensity, and a schematic change of ΔN 
correspondingly as a function of time is shown in the top panel of Figure 6-35b. The 
coefficient (α1k1- α2k2) and (β1K1
2+β2k2
2
) could be of different sign which then gives rise to 
type-1 as shown in top panel of Figure 6-35a; of same sign then giving rise to type-2. If 
(α1k1- α2k2) is close to zero and (β1K1
2+β2k2
2
) is also very small, then we will have type-3. 
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The I-V characteristics corresponding to each case are shown in Figure 6-35c. . For each type, 
the ΔN at the point marked by an arrow labeled by a number n (= 1, 2, 3) in the I-V curve 
corresponds to the point in Figure 6-35a with same number. With applying bias, the oxygen 
will move across the MOH interface, and then ΔR will vary along the ΔR Vs. ΔN curve. In 
the case of type-1 MOH, the resistance will keep decreasing before ΔN running across peak 
valley (point 2). However the resistance will start to increase after ΔN going through peak 
valley, therefore, a ―8‖-type I-V hysteresis will be observed as shown in panel-1 in Figure 
6-35c. For the type-2 MOH, since the resistance will keep increasing with increasing ΔN, a 
nice hysteresis without intersection point could be obtained. If the resistance is not sensitive 
to oxygen (type-3 for example), the I-V hysteresis will become very weak (see panel 3 of 
Figure 6-35c as an example).  
 
Figure 6-36: I-V sweep loop (1→2→3→4) of (a) Ta/TaOx/CeO2/Nb-STO; (b) 
Al/Al2O3/PCMO/Pt. 
 According to the above discussion, how the resistance depends on the oxygen 
distribution between the two metal oxides swill strongly affect the resultant performance of 
the MOH based RRAM devices. Figure 6-36 shows the I-V hysteresis for 
Ta/CeO2/Nb-SrTiO3 (NSTO) and Al/Al2O3/PCMO/Pt (for details of the devices please see 
6.3.1 and 6.2.3 respectively). The Ta/CeO2/NSTO actually will be Ta/TaOx/CeO2/NSTO due 
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to interfacial oxidation. The Nb-SrTiO3 is used as a bottom electrode. The oxygen vacancies 
in both TaOx [243] and CeO2 behave as dopants, so the α1 and α2 have the same sign, and so 
at some specific condition, e.g., specific relative oxygen vacancy concentration, the 
TaOx/CeO2 can become a type-1 MOH. In our Ta/CeO2/NSTO devices, a ―8‖ type hysteresis 
was indeed observed after some forming process as shown in Figure 6-36a. Although we 
could not observe the same behavior at positive sweep loop, this could be attributed to 
different rectification effect which may turn this heterostructure into type-2 at positive bias. 
The observed unusual "8" type hysteresis in In/La0.7Sr0.3MnO3/In [244] could be attributed to 
the equivalent type-1 MOH. As proposed by Ref. [244], the In could be oxidized then 
resulting in the forming of InOx/LSMO/InOx heterostructure with two InOx/LSMO interfaces. 
When oxygen vacancies migrate in one direction, resistance of one interface increases while 
the another one decreases, thus the overall change of resistance could become type-1 in some 
specific condition. For the Al/Al2O3/PCMO/Pt devices, the oxygen vacancies will enhance 
the conductivity of Al2O3, but will make PCMO more insulating. The oxygen vacancies 
moving from Al2O3 to PCMO will increase both the resistance of Al2O3 and PCMO, hence 
Al2O3/PCMO heterostructure is type-2 and it shows a bipolar RS (see Figure 6-36b) without 
"8" type hysteresis.  
 For a RRAM device, several parameters need to be improved, for example, endurance, 
OFF/ON (= HRS/LRS) ratio, switching speed, uniformity. The active-metal-oxide/PCMO/Pt 
devices show very good endurance due to self-limiting effect in the process of interfacial 
redox. Considering the OFF/ON ratio, if MO-1 and MO-2 both have bigger/smaller resistance 
with increasing oxygen vacancies, the OFF/ON ratio will be suppressed due to their overall 
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cancelling effect. For example, oxygen vacancies moving from MO-1 into MO-2 will then 
make resistance of MO-1 decrease/increase while resistance of MO-2 increase/decrease. In 
another way, if MO-1 have bigger/smaller resistance with increasing oxygen vacancies while 
the MO-2 does a reverse way, the change of the resistance should be enhanced. The MOH 
made of such oxides is called complemental MOH (CMOH).  
 
Figure 6-37: (a): Electron moves via Mn-O-Mn chain and is blocked after that the oxygen ion 
is removed. (b) Band structures of CeO2 without oxygen vacancies and with oxygen 
vacancies. 
 
Figure 6-38: (a) Schematic cross-section structure of Pt/CeO2/PCMO/Pt MOH device. (b) 
First I-V sweep loop (forming process). Reproducible I-V hysteresis in linear scale (c) and in 
logarithm scale (d). 
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 To realize an enhanced RS in MOH, we notices that oxygen vacancies in PCMO will 
induce a rupture of Mn-O-Mn channel chain thus decreasing the conductivity while in CeO2 
can dope electrons which can then occupy empty 4f band and enhance conductivity as shown 
in Figure 6-37. Our in-situ TEM experimental results indicate that the PCMO and CeO2 are 
oxygen mobile systems, such that combining PCMO and CeO2 together may help us get an 
improved RS performance. An CeO2/PCMO heterostructure device with Pt used as electrodes 
to remove oxidation of electrode effect was fabricated (see Figure 6-38a). After a forming 
process as shown in Figure 6-38b, the devices exhibited reproducible resistive switching 
effect (see Figure 6-38(c-d)). Under positive bias, the devices were switched from low 
resistance state (LRS) to high resistance state (HRS) and from HRS to LRS at negative bias. 
Since oxygen vacancies moving from CeO2 to PCMO will increase both of their resistance, 
so the positive bias should induce a resistance switched from LRS to HRS, so do the analysis 
for negative bias. Further, due to the enhanced switching ratio, the HRS/LRS ratio (read at 
-1.5V) can reach 350. The p-n junction like I-V curve will arise from the n-type nature of 
oxygen deficient CeO2 and p-type behavior of PCMO. The I-V characteristic is consistent 
with our analysis, further supporting the oxygen migration model.  
 In summary, MOH based devices can be one of the promising structure for RRAM 
devices. The MOH benefits a lot from the strong coupling between oxygen and properties of 
metal oxide and enhanced oxygen mobility at strong electric field. The field induced oxygen 
migration across interface change both of the resistivity of the metal oxides, hence changes 
the overall resistance of MOH device. The performance of the MOH devices strongly depend 
on the relation between oxygen vacancies concentration and the resistivity. The mutually 
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CMOH based RRAM such as Pt/CeO2/PCMO/Pt device could enhance the OFF/ON ratio. 
CMOH can be easily grown and there are a lot of candidates for us to choose from to 
combine them together to explore better CMOH for RRAM.  
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